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Preface to ”Glass Fibers 2018”
Glass fibres are melt-spun, silica-based inorganic materials, which have been known about and
comprehensively used for many years. Their main application is in glass fibre-reinforced composites,
which account for more than 90% of all fibre-reinforced composites currently produced. Nevertheless,
the improvement of fibres, interfaces, and composites in key areas remains a great challenge. The
objective of this preprint is to focus on actual research topics related to glass fibres comprising
multifunctional nanostructured surfaces, which can address anything from insulating to electrically
conductive fibres and their interphases in composites that are capable of uptake under a variety
of mechanical, chemical, humidity, and thermal conditions for in situ sensing and photocatalytic
functions. Glass fibre size includes lubricants, binders, and/or coupling agents to help protect
the filaments from failure during processing, resulting in fibres with improved wetting as well as
strengthening of the adhesive bond at the fibre–matrix interphase. Graphene, as an interphase,
not only improves the mechanical performance of fibre-reinforced polymer composites but also
induces functional properties like electrical conductivity, thus providing the possibility of strain
monitoring in real time. The piezoresistivity of the composites was monitored under flexural loading
under isothermal conditions, and strain/damage monitoring was evaluated at different temperatures
through the change in electrical resistance with applied strain. In composites, a strong interphase
between the components is essential for determining the mechanical properties. The interphase may
be varied, by suppressing or promoting heterogeneous nucleation of a thermoplastic matrix. In
the latter case, three-dimensional transcrystallised interphases with properties differing from those
of the bulk matrix are formed. Polypropylene–glass fibre composites are prepared as single-fibre
model composites with (a) a size that either induces or suppresses the transcrystalline interphase, (b)
different amounts of modifier maleic acid anhydride-grafted polypropylene, and (c) matrix polymer
of different molecular weights. These are studied in quasi-static or cyclic load tests. Static tests permit
insights into the interfacial characteristics, such as critical interface energy release rate, adhesion
strength, and frictional stress. Cyclic tests on these model composites can be used to study the
nature of dissipative processes and damage behaviour. The transcrystalline layer can indeed improve
the mechanical parameters through increased strength and toughness, depending on the molecular
weight of the matrix polymer at low modifier concentrations. Another study shows that chitosan
could be highly useful as a coupling agent in phosphate glass fibre/polycaprolactone (PGF/PCL)
composites as it improved the interfacial shear strength by up to 78%. Tensile and fragmentation
tests were conducted to obtain the mechanical properties of the single fibres and interfacial properties
of the PGF/PCL composites, respectively. It was observed that post-cleaning, the tensile strength
of treated fibres was reduced by around 20%.Plasma-synthesized interphases, in the form of
variable materials from polymer-like to glass-like films with a Young’s modulus of 10–52 GPa,
were deposited on unsized glass fibres used as reinforcements in glass fibre/polyester composites.
Modulus mapping was successfully used to examine the mechanical properties across the interphase
region on cross-sections of the model composite in order to distinguish the fibre, interphase, and
modified and bulk polymer matrix. The interfacial shear strength for plasma-coated fibres in glass
fibre/polyester composites, determined from the nanoindentation test, was up to 36% higher than
those of commercially sized fibres. A number of analytical techniques were applied to investigate
changes to the surface of unsized boron-free E-glass fibres after thermal conditioning at temperatures
up to 700 ◦C. Novel systematic studies were carried out to investigate the fundamental strength loss
ix
from thermal conditioning. Surface analyses were conducted using X-ray photoelectron spectroscopy
and atomic force microscopy and showed a consistent increase in the surface concentration of calcium
with increasing conditioning temperature as well as an increase of surface roughness. Although
surface roughness did not correlate precisely with fibre strength, there was a clear inverse relationship
at temperatures exceeding 400 ◦C
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Abstract: Graphene as an interphase not only improves the mechanical performance of fiber
reinforced polymer composites but also induces functional properties like electrical conductivity,
thus providing the possibility of strain monitoring in real time. At this aim, graphene oxide (GO)
was electrophoretically deposited at different applied potentials on glass fibers to create a uniform
coating and was subsequently chemically reduced to obtain a conductive layer of reduced graphene
oxide (rGO). After the optimization of the deposition process, composite laminates were prepared
by hand lay-up with an epoxy resin, followed by curing in vacuum bag. The deposited rGO
interphase improved the dynamic moduli (storage and loss modulus), the flexural strength (+23%),
and interlaminar shear strength (ILSS) (+29%) of the composites. Moreover, laminates reinforced
with rGO-coated glass fibers showed an electrical resistivity in the order of ~101 Ω·m, with a negative
temperature coefficient. The piezoresistivity of the composites was monitored under flexural loading
under isothermal conditions, and strain/damage monitoring was evaluated at different temperatures
through the change of the electrical resistance with the applied strain.
Keywords: composites; glass fibers; graphene; interphase; strain monitoring
1. Introduction
Structural fiber reinforced polymer composites have received wide attention from both academic
and industrial communities for their advantages in several applications because of their high
strength-to-weight ratio, better corrosion resistance with respect to metallic materials, excellent
impact strength, and durability [1]. However, the utmost requirement that is first evaluated for the
applicability of such materials is the mechanical performance, which in turn has a great dependence
on the fiber/matrix interfacial adhesion. In other words, the effective load transfer from the matrix to
the fibers is the primary factor on which the mechanical performance is determined [2]. Researchers
are constantly looking for better design, material selection, and production systems in order to
assure optimal load transfer [3]. In recent years, this issue has been successfully faced by the use of
nanostructured materials dispersed in the matrix or deposited on the fiber surface, which are able to
create a better interphase for the load transfer mechanism [3].
Recent years have seen an enormous rise in the use of nanomaterials in polymer composites,
due to their remarkable effect on the physical properties of the resulting materials [4–9]. The inclusion
of carbonaceous nanomaterials (carbon nanotubes (CNTs), graphene), for example, has successfully
modified the properties of both thermoplastic and thermosetting matrices [10–12], including the
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enhancement of the electrical conductivity [13–15]. In particular, the use of graphene in polymer
composites could lead to the development of multifunctional materials that could be applied for
innovative applications [16–18]. In the case of fiber reinforced polymer composites, several studies
have been conducted to prove the positive impact of nanoparticles in enhancing the mechanical
properties, either by dispersing them in the polymer matrix or depositing nanofillers on the fiber
surface as a fiber/matrix interphase [3,19,20]. In the past, graphene oxide (GO) has been reported to be
extremely effective in not only improving the fiber/matrix load transfer mechanism [21,22], but also in
promoting the use of composite structures in strain monitoring sensors [23,24].
The topic of strain monitoring of structural materials has taken a great deal of attention in the past
decade, mainly because of the possibility to obtain information about the damage evolution within the
materials in real time conditions. Fiber reinforced polymer (FRP) structures, being particularly sensitive
to intrinsic damage mechanisms (i.e., delamination or matrix cracking), are thus ideal candidates
for real time damage monitoring and detection [25]. It is thus clear that the in-situ monitoring of
damage is a useful tool to increase the reliability and lifetime of composite structures, also making
the maintenance of structural components less challenging [26]. In the past, graphene has been used
extensively in polymer composites. Strain monitoring sensitivities up to 16,400 were obtained by using
functionalized graphene nanoplatelets as coating on glass fiber fabric [27]. Moreover, in epoxy matrix,
a gauge factor of around 750 was achieved by the addition of graphene nanoplatelets (GNPs) [24].
Similarly, it was proven that functionalized graphene in polyvinylidene fluoride (PVDF) performed
better as a strain sensor compared to carbon nanotube polymer composite [28].
Recently, fiber reinforced polymer composites have been developed using various “built-in
sensors” that have the capability to monitor their structural health [26]. In particular, carbon fibers
have been used as a multifunctional element, primarily for their structural capabilities as well as for
their elevated electrical conductivity, which qualifies the composite itself for damage monitoring by
the phenomenon of piezoresistivity, i.e. the change of electrical resistance of an element due to an
application of a certain stress (or strain) [29]. In this sense, the use of glass fibers (GF) reinforced
laminates for these applications is strongly limited, because of the intrinsic insulating properties of
both the fibers and the polymer matrix. To achieve elevated electrical conductivity in glass fiber-based
composites, several techniques have been utilized in the past [30–33]. Böger et. al [34] dispersed
carbonaceous nanofillers in an epoxy matrix to perform load and strain monitoring of glass/epoxy
composites. In the same way, Gao et. al [35] utilized multi-walled carbon nanotubes in an epoxy
matrix reinforced with glass fibers, in order to evaluate the mechanisms of damage sensing under
cyclic loading conditions. The difficulty in the dispersion of nanofillers in epoxy matrix arises from the
fact that an increase of the nanofiller loading causes an increase in the viscosity [36,37], thus leading to
processability problems that could potentially impair the mechanical performances of the resulting
materials [38].
In order to overcome these problems, researchers tried to implement a selective deposition of
nanofillers on the fiber surface through various techniques, such as dip coating [27], chemical vapor
deposition (CVD) [39], chemical grafting [40], and electrophoretic deposition (EPD) [41]. EPD has
recently proved to be a practical technique when depositing large amounts of nanosized particles on
various substrates [42–44]. In a recent work, Mahmood et al. [25] investigated the strain monitoring
capability of glass/epoxy composites, in which a graphene interphase was created between the matrix
and the reinforcement through EPD, starting from a GO water suspension with a concentration of
1 mg/mL (equivalent to 0.1 wt%), deposited applying an electrical field of 10 V/cm. GO was then
chemically reduced to reduced graphene oxide (rGO) by lowering the oxygen content as low as 10%
in the rGO sheets. Such continuous deposition on GF provided an improvement of about 70% of the
fiber/matrix interfacial shear strength. Interestingly, the produced rGO based epoxy/glass composites
were characterized by a volume resistivity as low as 4.5 Ω·m. However, in that work, the process
parameters of the EPD were not optimized, and their influence on the physical properties of the coating
and of the resulting composites was not determined.
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On the basis of these considerations, the current work is focused on the investigation of the optimal
parameters of the EPD technology (applied electric field and concentration of GO dispersion required
to create a uniform and continuous deposition of rGO on GF), to develop electrically conductive
glass/epoxy composites. Moreover, considering that no papers can be found in the literature on
the temperature-dependent health monitoring capability of nanomodified hybrid epoxy composites,
the piezoresistive response of the resulting laminates at three different temperatures (i.e., 0 ◦C, 23 ◦C,
and 50 ◦C) was investigated.
2. Materials and Methods
2.1. Materials
A dispersion of 4 mg/mL of graphene oxide in water was purchased from Graphenea SA
(San Sebastian, Spain). According to the producer’s datasheet, this dispersion has a GO monolayer
content of more than 95%. A unidirectional fabric of glass fibers (UT-E500), having a surface density of
500 g/m2, was provided by Gurit (Wattwil, Switzerland). A bicomponent epoxy resin, constituted by
an epoxy base (EC157) and an aminic hardener (W342), was provided by Elantas Europe Srl (Parma,
Italy). As reported in the producer’s datasheet, this system presents a glass transition temperature (Tg)
of around 88 ◦C after a curing cycle of 24 h at room temperature, followed by 15 h at 60 ◦C. All the
materials were used as received.
2.2. Samples Preparation
In the electrophoretic deposition (EPD) process, two electrodes were inserted in a conductive
suspension and connected together using a direct current power supply. GF were mounted on a steel
frame (as shown in Figure 1a) and were placed in front of the anode during EPD, due to the fact that
GO is negatively charged.
Figure 1. Representative images of glass fibers (GF) (a) as received, (b) after the EPD process,
and (c) after chemical reduction.
Through the application of an electrical potential between the electrodes, GO is forced to migrate
towards the anode, thus depositing on the GF. In order to optimize the EPD parameters, various
concentrations of GO solution (ranging from 0.005 wt% to 0.02 wt%) and different electric field
intensities (from 0.5 to 1.5 V/cm) were applied. In this work, the electric field intensity was defined
as the ratio between the voltage applied and the distance between the electrodes. During the EPD
process, the distance between the electrodes was kept constant at 2 cm, and both sides of the glass
fiber fabric were treated for 5 min. The configuration of the experimental equipment used in the EPD
treatment was taken from the previous work of Mahmood et al. [25], in order to directly compare
the results, while the deposition conditions (i.e., GO concentration and applied electric field) were
3
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systematically modified. The complete list of the conditions of the electrophoretic deposition of GO on
glass fibers is reported in Table 1.
Table 1. Conditions of electrophoretic deposition of graphene oxide (GO) on glass fibers.










After the deposition, the GO-coated fibers were dried in an oven under vacuum at 50 ◦C for at
least 12 h. The surface appearance of both uncoated and coated fabrics can be observed in Figure 1a,b,
respectively. The treated fibers were then subjected to chemical reduction in an environment of
hydrazine hydrate at 100 ◦C for 24 h to reduce GO to rGO. The details of the chemical reduction process
can be found in the previous work of Mahmood et al. [25]. Regardless of the adopted parameters,
the color of the fibers passed from light brown to black (Figure 1c) after the chemical reduction.
Both uncoated and rGO-coated fibers were used to fabricate unidirectional composites, with the
epoxy resin as matrix. A hand lay-up method was adopted, stacking 4 laminae of the glass fabric.
The system was then placed in a vacuum bag to remove the air bubbles and the excess resin. The curing
process was performed according to the indications of the producer (i.e., 24 h at ambient temperature
followed by 15 h at 60 ◦C). In this way, laminates having a dimension of 150 mm × 150 mm × 1.3 mm
were prepared. On the other hand, for the short beam shear test (SBS), 12 laminas were stacked to create
a thicker composite specimens (thickness of about 3.7 mm). The neat epoxy resin was designed as EP
and the uncoated GF reinforced composite was denoted as EP-GF, while the laminate reinforced with
rGO-coated fibers were coded as EP-rGO-GF. It is important to underline that, in the preparation of
the composites, only the fibers coated with an optimized EPD condition (i.e., 2A of Table 1) were used.
2.3. Experimental Techniques
2.3.1. Characterization of the Fibers
The morphological analysis of both the uncoated and coated fibers was performed by scanning
electron microscopy (SEM) using a Zeiss Supra 40 microscope (Zeiss, Oberkochen, Germany). Before
observations, specimens were coated by a platinum/palladium alloy (80:20) thin layer with a thickness
of about 5 nm.
Based on the electrical resistivity values of the investigated materials, two different resistivity
measurement methods were utilized. For uncoated GF, whose resistivity level exceeds 105 Ω·m,
the electrical resistivity was measured using a Keithley 8009 resistivity test chamber (Keithley
Instruments, Cleveland, OH, USA) coupled with a Keithley 6517A high-resistance meter (Keithley
Instruments, Cleveland, OH, USA) at 5 V applied voltage. On the other hand, the electrical resistivity
at 23 ◦C of rGO-coated fibers at different EPD conditions was measured by using a Keithley 6517A
electrometer in 4-point configuration (Keithley Instruments, Cleveland, OH, USA). Three different
fiber strands (width 0.7 cm, length 4 cm) were tested for each sample, applying voltage levels from
0.1 V to 5 V (depending on the electrical resistivity of the fibers).
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2.3.2. Characterization of the Composites
The density of the neat epoxy matrix and of the composites was measured at 23 ◦C by using
a precision balance (Archimede Gibertini E42, Gibertini, Modena, Italy) which had a sensitivity of
10−4 g. The specimens were weighed in air and in ethanol, according to the ASTM standard D792-13.
The density of the GF was measured by using a Micromeritics® Accupyc 1330 helium pycnometer
(Micromeritics Instrument Corporation, Norcross, GA, USA) at ambient temperature 23 ◦C, using a
testing chamber of 3.5 cm3.
The fiber volume fraction (Vf) in the composites was evaluated by using the expression reported











where ρf and ρm are the densities of the fiber and matrix, while Wf is the fiber weight fraction.
The theoretical density (ρt) of the composite specimens was then estimated using Equation (2):
ρt = ρ f ·Vf − ρm·Vm (2)
where Vm represents the matrix volume fraction.






Optical microscope images of the cross section of the composite laminates were obtained through
a Zeiss Axiophot optical microscope (EL-Einsatz 451887, Zeiss, Oberkochen, Germany), equipped with
a Leica DC300 digital camera (Leica Microsystems Ltd., Heerbrugg, Switzerland). The specimens were
polished using abrasive grinding papers with grit size P800, P1200, and P4000, sequentially.
The thermal stability of epoxy and glass/epoxy composites was assessed through
thermogravimetric analysis (TGA) by using a Q5000IR thermobalance by TA Instruments (New Castle,
DE, USA). Around 10 mg and 40 mg of the neat epoxy and of the composites were tested respectively,
under a nitrogen flow of 100 mL/min. The tests were conducted between 25 ◦C and 700 ◦C, at a heating
rate of 10 ◦C/min. The onset degradation temperature (Tonset) was computed by the intersection of
the extrapolated TGA curve and the tangent line of the curve. Temperature corresponding to a weight
loss of 5% (T5%) was also determined. The degradation temperature (Td) was taken as the temperature
associated with the maximum mass loss rate, and the residual mass at 700 ◦C (rm) was also detected.
The viscoelastic behaviour of the composites was evaluated through dynamical mechanical
analysis (DMA), by using a DMAQ800 machine, provided by TA instruments (New Castle, DE, USA),
operating in dual–cantilever mode. Analysis was carried out in a temperature range between 0 and
150 ◦C at a heating rate of 3 ◦C/min and a frequency of 1 Hz.
Flexural mechanical properties of the composite laminates were determined by using an Instron®
5696 universal testing machine (Instron, Norwood, MA, USA), according to ASTM D790 standard.
Rectangular specimens with dimension of 150 mm × 13 mm × 1.3 mm were tested, imposing a
span to depth ratio of 60:1 and 40:1 for the measurement of flexural modulus and flexural strength,
respectively. In order to apply a strain rate of 0.01 mm−1, cross-head speeds of 7.8 mm/min for flexural
modulus evaluation and 3.5 mm/min for flexural strength tests were selected. At least five specimens
were tested for each composition. Interlaminar shear strength (ILSS) values of the composites were
determined through a Short Beam Shear test (SBS), performed according to the ASTM D2344 standard,
by using an Instron® 5969 tensile testing machine. Specimens with dimensions of 22.2 mm × 7.4 mm
× 3.7 mm were tested under 3-point bending configuration at a speed of 1 mm/min. The ILSS was
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determined from the maximum load sustained by the samples (Fmax), by using the expression reported
in the following Equation (4):
ILSS = 0.75 × Fmax
b × h (4)
where b and h are the width and the height of the specimens, respectively.
The electrical volume resistivity of the EP-rGO-GF composites was tested through a 6-1/2-digit
electrometer (Keithley model 6517A) in a 2-point configuration at three different temperatures (0 ◦C,
23 ◦C, and 50 ◦C) under an applied voltage of 10 V. At least five specimens were tested for each
composition. The piezoresistivity of the EP-rGO-GF composite was measured under flexural loading
at three different temperatures (i.e., 0 ◦C, 23 ◦C, and 50 ◦C) by using an Instron® 5969 tensile
testing machine. Rectangular samples with dimensions of 150 mm × 13 mm × 1.3 mm were
mechanically tested at 3.5 mm/min, simultaneously measuring the electrical resistance through
a Keithley 6517A electrometer under 2 contact points, setting a distance between the electrodes of
30 mm [25]. The temperature was controlled during the tests by conducting the experiments in a
thermostatic chamber. The piezoresitivity of the EP-rGO-GF laminate was thus assessed through the
variation of the relative electrical resistance (ΔR/R0, where R0 is the initial resistance at the beginning
of the test) as a function of the applied flexural strain.
3. Results and Discussion
3.1. Characterization of the Fibers
The electrical resistivity of the rGO-coated fabric was measured under a 4-point configuration,
and the most important results are summarized in Table 2. It can be observed that by applying a higher
electric field and/or by using a higher GO concentration, it is possible to reach a decrease of resistivity.
With a GO concentration of 0.005 wt% (0A–0C fibers), it is possible to obtain a resistivity in the order
of ~103 Ω·m, while by increasing the GO amount up to 0.01 wt%, it is possible to produce fibers with a
resistivity of ~102 Ω·m, especially when increasing the applied voltage. A further enhancement of the
GO concentration (i.e., 0.02 wt%) results in a further decrease of the resistivity up to ~101 Ω·m. In this
condition, it is important to underline that an increase of the voltage does not promote a resistivity
decrease. This is the reason why 2A fibers probably represent the best compromise between the
requirements of elevated conductivity and mild deposition conditions. It could be interesting to note
that in our previous papers the EPD process was performed by using a GO water suspension with a
concentration of 1 mg/ml (i.e., 0.1 wt%), applying an electrical field of 10 V/cm [25]. The fibers treated
according to 2A process parameters were then utilized to prepare composite laminates.
Table 2. Electrical volume resistivity of the treated fibers.
Sample Resistivity (Ω·m)
Uncoated GF 1.5 × 1014
0A 6449 ± 241
0B 5439 ± 368
0C 2073 ± 562
1A 1154 ± 146
1B 887 ± 203
1C 222 ± 54
2A 41 ± 7
2B 51 ± 18
2C 52 ± 14
Figure 2a shows the micrographs of the neat glass fibers, while Figure 2b–j reports the micrographs
of the glass fibers coated with rGO under different experimental conditions (the complete list of the
process parameters is reported in Table 1). In comparison to the neat fiber (Figure 2a), GF coated by
6
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0A, 0B, and 0C parameters (Figure 2b–d) hardly showed any physical deposition of rGO, meaning
that the conditions used to create rGO coating were not satisfactory. This was further confirmed in the
resistivity test of coated GFs discussed above (see Table 2). Similarly, the case of GF coated with rGO
by 1A, 1B, and 1C revealed slightly more deposition, with either grey colored flakes adhered to the
fiber surface and/or some wrinkle features of graphene (ubiquitous phenomenon in two-dimensional
membranes) visible in Figure 2e–g. Further increasing the concentration of the GO dispersion, i.e., 2A,
2B, and 2C, resulted in increased deposition, which then showed a signficant deposition of the rGO
flakes pointed out by arrows in Figure 2h–j. Even if a fine deposition of rGO was observed by these
micrographs, it was not possible to determine the thickness of the deposited layer. For such reasons,
cross-sectional pictures of neat GF and rGO-coated GF (under deposition condition 2A only) were
attempted by SEM and reported in Figure 3.
Figure 2. Cont.
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Figure 2. Scanning electron microscopy of (a) neat GF and GF-coated by reduced graphene oxide (rGO)
under different processing conditions. (b) 0A, (c) 0B, (d) 0C, (e) 1A, (f) 1B, (g) 1C, (h) 2A, (i) 2B, (j) 2C.
In order to visualize the coating thickness on the GF, the neat GF and rGO-coated GF (only
deposited under 2A conditions) were analyzed for their cross-section under SEM. Figure 3a,b show the
neat GF under low and high magnification, and only a few particles (presumably of the sizing of GF)
can be viewed. On the contrary, Figure 3c,d show the flakes of rGO on the GF, either adhered to the GF
or partially hanging from the GF, which also can be seen in Figure 2h–j. These images reveal a very
fine coating of rGO on the GF, deposited under 2A condition. The average thickness of the coating was
measured by taking 5 measurements from one image of fiber and then taking similar measurements
from other fiber images (in this case, 5 images were used in total) using ImageJ software. The average
thickness of rGO coating was found to be about 45 ± 9 nm.
    
  
Figure 3. Scanning electron microscopy of cross-sectional view of neat GF (a and b) and GF-coated by
rGO (c and d) under 2A processing condition.
3.2. Characterization of the Composites
In order to compare the properties of the produced laminates, it is important to evaluate their fiber
content, density, and porosity. The fibers used to create the composite structure were weighed before
composite fabrication with epoxy matrix, and the weight of composite prepared was measured after
epoxy curing. The measured GF density was equal to 2.62 g/cm3. By using the expression reported
in Equation (1), an average fiber volume fraction of about 65 vol% was estimated for both EP-GF
and EP-rGO-GF composites (see Table 3). Table 3 also reports the values of density and porosity of
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neat epoxy, and of the prepared laminates (with either neat or rGO-coated fibers). It is interesting to
note that, through a comparison between the theoretical and experimental (ρe) density values, EP-GF
and EP-rGO-GF laminates present similar porosity values (around 4–5%, considering the associated
standard deviation values).












EP - 1.1470 1.1470 ± 0.0014 -
EP-GF 65.0 2.1056 1.9960 ± 0.0068 5.20 ± 0.32
EP-rGO-GF 65.3 2.1095 2.0363 ± 0.0404 3.47 ± 1.91
The cross-sectional view obtained by using optical microscopy of the two tested composites
(EP-GF and EP-rGO-GF) can be seen in Figure 4. Both specimens show a uniform distribution of the
fibers within the matrix, and in the case of the EP-rGO-GF laminate, the rGO interphase cannot be
distinguished because of the very low thickness of the deposited layer. These micrographs show that a
good fiber–matrix interfacial adhesion can be detected in both composites, without the presence of
microstructural defects. It can therefore be concluded that the samples are characterized by a similar
morphology. As documented in a previous paper [45], even when observing the cross sections by SEM,
it was not possible to get a reliable measure of the thickness of the rGO layer.
  
(a) (b) 
Figure 4. Optical microscopy images of (a) EP-GF and (b) EP-rGO-GF composites.
Thermal stability of the composites was evaluated through thermogravimetric analysis (TGA),
and the most important parameters are summarized in Table 4. It can be seen that the addition of
rGO as a continuous interphase does not promote a real improvement of the thermal stability of
the composites. In fact, EP-GF and EP-rGO-GF laminates present similar Tonset, T5%, and Td values.
On the other hand, it has to be considered that the mass loss in these laminates is mainly due to the
degradation of the epoxy matrix, and the rGO coating around the fibers could not hinder the diffusion
of the oxidation process within the samples. In other words, the initial stage of the matrix charring
process is not promoted by the presence of the rGO layer around the glass reinforcement [46].
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Table 4. Results of TGA analysis on neat epoxy and of the relative composites.
Parameter EP EP-GF EP-rGO-GF
T5% 306.6 332.5 346.5
Tonset 335.1 347.0 332.1
Td 346.7 375.7 367.3
rm 7.35 77.4 81.6
T5%: temperature corresponding to 5% weight loss; Tonset: temperature corresponding to initiation of degradation;
Td: temperature corresponding to maximum mass loss rate; rm: residual mass at 700 ◦C.
The thermograms of the storage modulus (E’), loss modulus (E”), and loss tangent (tanδ) are
reported in Figure 5. When compared to the composite with uncoated fibers (EP-GF), EP-rGO-GF
laminate presents slightly higher E’ values for T < Tg. From these plots, it is also interesting to notice
that EP-rGO-GF sample has a lower Tg (about 20 ◦C of difference) with respect to the EP-GF laminate,
as noticed from the peak of loss modulus and of loss tangent plots in Figure 5. This behaviour could
be attributed to the fact that the presence of rGO on the surface of the fibers hinders and/or sets back
the crosslinking process of the matrix during the curing process [47,48]. Moreover, it is worthwhile to
note that the intensity of the loss tangent peak is higher for the EP-rGO-GF sample, thus indicating
a stronger damping capability of these laminates induced by the presence of the rGO coating at the
fiber/matrix interface. A detailed investigation on the interaction between the rGO layer and the glass
fiber surface is reported in a recently published work [49].
Figure 5. Storage modulus, loss modulus, and loss tangent curves from dynamic mechanical analysis
(DMA) on the prepared composites.
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The flexural properties of the prepared laminates under quasi-static conditions are compared in
Table 5.
Table 5. Flexural properties and interlaminar shear strength (ILSS) values of the prepared composites.
Sample Flexural Modulus (MPa) Flexural Strength (MPa) Flexural Strain at Break (%) ILSS (MPa)
EP-GF 38.2 ± 0.7 687 ± 55 2.1 ± 0.2 44 ± 5
EP-rGO-GF 38.6 ± 0.8 888 ± 22 3.0 ± 0.1 57 ± 13
The elastic modulus is only slightly improved upon rGO coating of the glass fibers, while both
the flexural strength and the strain at break are noticeably improved (+29 % and +43 %, respectively)
compared to EP-GF laminate. This results can be explained considering that the failure mechanism of
the composite laminates is strongly influenced by the fiber/matrix interfacial adhesion level. It can
therefore be assumed that the presence of rGO layer at the interface could promote the stress transfer
mechanism at the interface, thus promoting an increase of the failure properties of the material. In fact,
a remarkable increse of the fiber/matrix adhesion has been measured in similar composites by the
single fragmentation test [22]. For the same reason, it could be also hypothesized that the interlaminar
shear resistance of the laminates could be improved upon rGO coating. In fact, as reported in Table 5,
the ILSS value of EP-GF-rGO laminate are significantly higher than that of the EP-GF samples (+30%).
In order to evaluate the real electrical monitoring capability of the prepared laminates, electrical
resisitivty measurements at three different temperatures (0 ◦C, 23 ◦C, and 50 ◦C) were performed by
using a 2-point configuration. As shown in Figure 6, electrical volume resistivity of the EP-rGO-GF
laminate is comparable to that of the rGO treated fibers (if produced according to 2A parameters
shown in Table 2). This means that the presence of the matrix around the fibers does not substantially
affect the conductivity behavior of the system. Considering the standard deviation values associated
to these measurements, it can be concluded that the electrical resistivity of the laminates is only weakly
influenced by the testing temperature with a slight decreasing trend. Therefore, the electrical behaviour
of the EP-rGO-GF composite is characterized by a negative temperature coefficient (NTC) [50]. On the
basis of the literature information, this behavior could be ascribed to the electron emission between the
continuous interphase of rGO sheets [51–53]. It could be interesting to observe that, in the previous
paper of our group [25], rGO based epoxy/glass composites characterized by a volume resistivity as
low as 4.5 Ω·m were obtained by applying much harsher EPD conditions (i.e., GO concentration in
water suspension of 0.1 wt%, applied electric filed of 10 V/cm).
Ω
Figure 6. Electrical volume resistivity of EP-rGO-GF composite at different temperatures.
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Finally, the strain/damage monitoring capabilities of EP-rGO-GF composites were tested under
flexural conditions at three different temperatures. In Figure 7, the trends of the electrical resistance
variation (ΔR/R0) and of the stress as a function of the applied strain are reported. It is interesting to
note that as the temperature increases, the piezoresistivity of the samples is noticeably enhanced.
At 0 ◦C and 23 ◦C, the resistance change is practically negligible until an applied strain of 2%.
For higher strain levels, ΔR/R0 increases until the failure of the specimen occurs. At 50 ◦C, a more
pronounced increase of ΔR/R0 with the strain can be observed, especially in the low deformation
interval. These results can likely be explained by considering the NTC of EP-rGO-GF composites.
In other words, a sample endowed with a higher conductivity is characterized by a better piezoresistive
behaviour, and it could be thus applied for strain monitoring applications.
Δ
0 
Figure 7. Piezoresistive behaviour of EP-rGO-GF composites under flexural conditions at three different
temperatures (0 ◦C, 23 ◦C, and 50 ◦C). Full symbols: applied stress, open symbols: ΔR/R0 values.
4. Conclusions
In this work, glass fibers were treated through electrophoretic deposition by utilizing different
processing parameters. The coated fibers were then subjected to chemical reduction in order to
produce a conductive coating of reduced graphene oxide (rGO) on their surface. The fibers treated
with the optimized parameters (i.e., by using 0.02 wt% of GO solution deposited at 0.5 V/cm)
showed the highest electrical conductivity. These fibers were then utilized to prepare composite
laminates through a hand lay-up technique by using an epoxy resin as matrix. The rGO deposition
on the glass fibers was responsible for the slight increase of the dynamic moduli (E’, E”) of the
composites, coupled with a noticeable enhancement of the flexural strength and of the delamination
resistance. Furthermore, composites with rGO-coated glass fibers showed an electrical resistivity of
about ~101 Ω·m. The EP-rGO-GF laminate was characterized by a good piezoresistive behavior under
flexural conditions, and the strain monitoring sensitivity increased with the testing temperature. It was
therefore demonstrated that, through a proper optimization of the EPD parameters, it is possible to
produce rGO-coated glass fibers that permit the strain/damage monitoring in structural composites
in a wide temperature range. Such findings could find their usefulness in applications where the
temperature variation of structural composites, due to service conditions, could modify their behavior
in terms of strain monitoring response.
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Abstract: A number of analytical techniques were applied to investigate changes to the surface
of unsized boron-free E-glass fibres after thermal conditioning at temperatures up to 700 ◦C.
Novel systematic studies were carried out to investigate the fundamental strength loss from thermal
conditioning. Surface chemical changes studied using X-ray photoelectron spectroscopy (XPS) showed
a consistent increase in the surface concentration of calcium with increasing conditioning temperature,
although this did not correlate well with a loss of fibre strength. Scanning electron microscopy
fractography confirmed the difficulty of analysing failure-inducing flaws on individual fibre fracture
surfaces. Analysis by atomic force microscopy (AFM) did not reveal any likely surface cracks
or flaws of significant dimensions to cause failure: the observation of cracks before fibre fracture
may not be possible when using this technique. Fibre surface roughness increased over the whole
range of the conditioning temperatures investigated. Although surface roughness did not correlate
precisely with fibre strength, there was a clear inverse relationship at temperatures exceeding 400 ◦C.
The interpretation of the surface topography that formed between 400–700 ◦C produced evidence that
the initial stage of phase separation by spinodal decomposition may have occurred at the fibre surface.
Keywords: glass fibre; heat treatment; strength loss; X-ray photoelectron spectroscopy (XPS);
atomic force microscopy (AFM)
1. Introduction
Glass fibre is the predominate reinforcement material that is used in polymer composites, due
its relatively high specific properties, low cost and a versatility, due to the ability for the surface to
be chemically tailored for different polymer matrices; the annual consumption of E-glass fibres is in
excess of 7 million tons [1]. Global glass fibre usage has continued to increase over the last few years,
driven by a greater use of composites in established sectors as well as adoption in new markets [2].
However, a significant challenge facing the glass fibre and composites industries is the relative difficulty
associated with the cost-effective recycling of glass fibre-reinforced polymer (GFRP) materials at the
end of life. The issue is particularly acute with GFRP utilising thermosetting polymers, as opposed to
thermoplastics, which retain an inherent recyclability, even when they are used to produce composites.
Although some routes exist, such as mechanical grinding for use as a filler or incorporation in cement
production [3,4], limitations to these processes mean that neither are likely to be able to accommodate
the increasing volumes of end-of-life materials.
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Alternative approaches to GFRP recycling are predicated on the benefits of separating the matrix,
and any fillers, from the fibrous reinforcement. The glass fibres may be considered as the most valuable
fraction [3] and its possible recovery and reuse in second-generation composites would produce major
technological, economic and environmental impacts. The separation of fibres and matrix in GFRP
requires the application of aggressive processes such as pyrolysis, solvolysis or thermal recycling in the
presence of oxygen, for example by fluidised bed combustion (FBC) [5]. Of the existing technologies,
there is a substantial body of research on the effect of thermal recycling on the properties of the
recovered fibres [5–9]. A universal finding of this research is the large decrease in fibre tensile strength
following thermal treatments or recycling, as summarised most comprehensively in [10].
Despite this phenomenon first being reported 60 years ago [11], a full and clear understanding of
all the mechanisms that contribute to thermally-induced strength loss has yet to be presented in the
literature. It is generally agreed that the failure of brittle materials such as glass fibres is controlled
by the presence of flaws [12]: during a tensile test, for example, failure will occur at the most critical
surface flaw when a corresponding critical stress is applied. This remains the case when fibres have
been heat-treated or thermally recycled, as their brittle nature is preserved. Mechanically inflicted
surface damage, creating larger critical flaws or enhancing those pre-existing flaws, can be invoked to
explain the strength loss in cases such as the thermal treatment of sized fibres [9] or more aggressive
processes like FBC recycling [5], in which some of the lowest reported normalised strength retention
values (of the order of 5–10%) have been reported.
It is the case, however, that a significant decrease in glass fibre strength occurs due to exposure
to elevated temperature, even in the absence of mechanical sources of surface damage [7,13,14].
This strength loss cannot be attributed to the degradation of surface sizing, as it was measured by
using fibres intentionally produced without any surface sizing, referred to as bare- or water-sized.
In these experiments, fibres were thermally conditioned individually, rather than in typical fibre
bundles. The authors showed in previous work [7] that very careful handling throughout the thermal
conditioning process produces higher retained fibre strengths when compared to the typically
used method of removing single fibre test specimens from previously conditioned fibre bundles.
Fibre handling damage, which occurs during fibre specimen extraction, was suggested as the source of
additional mechanical handling damage. Significantly, this study also revealed that a fundamental
thermal strength loss occurs that is not related to either the degradation of the fibre surface coating, or to
mechanical damage. It is this fundamental thermal-based strength loss that is yet to be fully explained.
In the work presented here, this mechanism of strength loss was further explored by using
water-sized E-glass fibres whose fundamental thermal strength loss has already been described in [7].
The investigation characterised the chemical and physical changes of thermally conditioned fibres,
using X-ray photoelectron spectroscopy (XPS), atomic force microscopy (AFM) and scanning electron
microscopy (SEM). To our knowledge, this is the first such systematic study of this type to be reported.
The work is an important step in the development of a better understanding of the strength loss of
heat-treated and recycled glass fibres.
2. Materials and Methods
Boron-free E-glass (Advantex) fibres manufactured by Owens Corning Vetrotex were investigated
in this study. These fibre rovings were produced on a pilot scale bushing as 20 kg continuous single-end
square edge packages. The nominal tex of the rovings was 1200 g/km, and the nominal single-fibre
diameter was 17.4 ± 1.3 μm. The fibres used in the study had no sizing applied during the initial
manufacturing, and instead, had only been water-sprayed, using the normal cooling sprays under the
bushing. Fibre rovings were subsequently dried at 105 ◦C for 24 hr. These samples are referred to as
bare- or water-sized, as it can be assumed that most of the water is removed during the subsequent
drying step. Glassbond Saureisen Electrotemp Cement No. 8 was used to restrain fibres during
high-temperature treatments where glue or epoxy-based adhesives were no longer sufficient.
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During the course of the investigation, the various analyses that were performed required the
heat treatment of samples to be carried out in different manners. Considerations such as the length
and number of fibres needed, or furnace atmosphere were assessed, and an appropriate choice was
made in each case. All heat treatments were performed under air; however, the moisture content
within the treatment atmosphere varied slightly. A normal atmospheric relative humidity of 35–45%
was measured; compressed air that was supplied to the thermo-gravimetric analyser (TGA) and
thermo-mechanical analyser (TMA) had a relative humidity of no more than 5%.
The heat treatment of glass fibres for tensile testing was carried out by using a Carbolite CWF 12/13
furnace, preheated to between 200–700 ◦C. Fibres were heat-treated for 25 min (of which approximately
the first 10 min was required for the furnace to equilibrate to its set temperature), then removed
immediately to cool in room temperature air. All treatments were carried out by using fibres taken
from a single bundle from the roving. Individual fibres were extracted from the bundle prior to any
heating, and mounted onto wire frames using cement. Rather than being held tightly between the two
fixing points, the fibres were mounted with some slack along the length. Any thermal expansion of the
frames would not, therefore, induce the longitudinal tensile stress. Secondly, it was possible for fibres
to flex when exposed to convective air currents; bending stresses caused by this would be concentrated
mainly at the fibre ends, which did not form part of the tested gauge length.
Heat treatment of glass fibres to be analysed by XPS was carried out in a TA Instruments Q50 TGA.
A short length of fibre bundle was placed in the centre of a platinum pan. A ramp rate of 10 ◦C/min
was applied from room temperature to the target temperature; once this was reached, the program
ended and the sample was allowed to cool naturally back to room temperature. The purge gas used
was air at a flow rate of 50 mL/min.
Heat treatment of glass fibres to be analysed by Atomic Force Microscopy (AFM) or Scanning
Electron Microscopy (SEM) was carried out in a TA Instruments Q400 TMA. A number of parallel
fibres were affixed at one end only, in Glassbond cement. Once dry, the assembly was hung in the TMA
furnace by using the slot in a film/fibre stage, with the fibres pointing downwards. Heat treatment
of fibres was performed using a temperature range of 200–700 ◦C. The furnace was equilibrated to
within 10% of the treatment temperature within the first minute, and to the precise temperature within
approximately 5 min. A 15 min isothermal was then applied, after which the furnace was cooled to
room temperature within no more than 10 min. The furnace was purged using air at a flow rate of
50 mL/min.
Single-fibre tensile properties were obtained according to the method described in ASTM C1557-03.
The details of the procedure utilised are described comprehensively by Yang and Thomason [15].
All fibres were mounted at a gauge length of 20 mm. After each individual fibre diameter was measured
by optical microscopy, the samples were tested using an Instron 3342 universal testing machine
equipped with a 10 N load cell. An extension rate of 0.3 mm/min was used in all cases. The average
strength values at each condition were based on at least 20 tensile tests. All tests were carried out at
room temperature and at approximately 50% relative humidity.
Elemental surface compositions (of the outermost 6 nm approximately) were determined using a
Thermo ScientificTM (East Grinstead, UK) Theta Probe spectrometer. A monochromated Al Kα X-ray
source (1486.6 eV) was employed for all spectra acquisitions. Survey spectra were acquired using a pass
energy of 300 eV while high-resolution, core-level spectra were acquired using a Pass Energy of 50 eV.
All spectra were acquired using an X-ray spot size of ~400 μm radius. Bundles of glass fibres were
placed parallel to one another on the sample holder: the longitudinal axes of the fibre were aligned
with the X-ray spots major axis. The insulating nature of the glass fibre samples required the utilisation
of charge compensation using a low energy, electron flood gun. The charge compensation conditions
were optimised for each sample individually. All spectra were charge-referenced against the C1s peak
at 285 eV to correct for charging effects during acquisition. Quantitative surface chemical analyses
were calculated from the high-resolution, core-level spectra following the removal of a non-linear
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(Shirley) background. The manufacturer’s Avantage software was employed, which incorporates the
appropriate sensitivity factors and corrects for the electron energy analyser transmission function.
Glass fibre surfaces were imaged by using AFM and SEM. AFM topography images were obtained
using a D3000 AFM (Bruker Nano GmbH, Karlsruhe, Germany). Height and phase data were collected
in Tapping Mode® using a RTESPA-150 type tip with a cantilever spring constant of 5 N/m and a
resonant frequency of approximately 300 kHz. At least two fibres were imaged for each condition
and two images of approximately 3 μm × 3 μm were captured for each of these fibres. Images were
obtained at a rate of 1.5 Hz with the fast scan direction being perpendicular to the longitudinal fibre axis.
The roughness of each fibre surface image was quantified using root mean square (RMS) roughness,
defined as the square root of mean square of the height deviation from the mean elevation plane,
after removing the background curvature by polynomial fitting. All statistics generated from raw AFM
data were produced using NanoScope Analysis software.
Fibres imaged by SEM were first sputter-coated with gold. Images were obtained by using a
Hitachi SU6600 Field Emission SEM (FE-SEM), operated at an accelerating voltage of 15 kV and an
extraction voltage of 1.8 kV. The fibre fracture surfaces were imaged perpendicular to the fracture face,
but they were sputter-coated with it parallel to the target, in order to minimise the thickness of the
coating deposited, and thus to reduce potential obscuring of surface features.
3. Results
3.1. Tensile Strength of Heat-Treated Fibres
Bare fibres were heat-treated in a furnace, using the method described, at temperatures between
200–700 ◦C. The average single-fibre tensile strengths (error bars show 95% confidence limits) measured






















Thermal Conditioning Temperature (°C)
Figure 1. Tensile strengths of bare fibres after thermal conditioning at 200–700 ◦C for 25 min.
A trend of strength loss with increasing thermal conditioning temperature was found.
A temperature of 300 ◦C was required for a significant decrease with respect to the initial strength of the
fibres to occur, as measured by 95% confidence limits. The most significant strength loss occurred when
the conditioning temperature exceeded 450 ◦C: after treatment at 500, 600, and 700 ◦C approximately
50, 40, and 20%, respectively, of the initial strength remained.
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The strength values in Figure 1 represent the average of at least 20 individual tensile tests, with the
exception of the data point at 700 ◦C. The retained strength of these heat treated fibres was very low,
and it approaches the lower limit that was possible to measure when using the standard method.
Many fibres break before testing at the points at which they are glued to tensile card templates; they
are unable to withstand the minimal bending and twisting stresses related to the cutting of the card
template that allows the fibre to bear load during testing. Additionally, some fibres failed at the edge of
the gauge length, rather than in the middle portion. This is also likely to be attributable to slight bending
at the beginning of the test as tension is first applied to the fibre. The standard practice is to discount
such tests from the final analysis, as it is presumed that their inclusion causes an under-estimation of
the average fibre strength.
3.2. X-Ray Photoelectron Spectroscopy
XPS spectra were collected for untreated bare glass fibres, and for those heat-treated at the
temperatures of most interest with respect to fundamental strength loss: a range of 450–600 ◦C was
selected. Two individual series of data (ser1, ser2) were obtained using new samples each time,
with approximately one month between the collections of the series. The major elemental components
identified, in addition to carbon from contamination, were oxygen, silicon, calcium, aluminium,
magnesium and sodium. All results, given as elemental atomic percentages (at. %), have been corrected
against the carbon content of the individual samples: carbon exists only as a contaminant, and it should
not be present in bare glass samples either at the surface or in the bulk. The two series of data were
averaged and the results are shown in Table 1. The degree of repeatability between the two series of
measurements was generally high: for major glass constituents, the individual values deviated by only
a few percent from the average. The results for minor constituents such as Na or Mg were, at times,
much less repeatable, and at some treatment temperatures, they deviated from the average by 25–50%.
This may have been caused by the difficulty in accurately quantifying them from the XPS scan data.
Table 1. Atomic percentages of constituent elements at the surface of boron-free E-glass from X-ray
photoelectron spectroscopy (XPS).
Treatment temperature (◦C) Element Atomic %
Si O Ca Al Mg Na
20 18.97 70.27 5.36 3.94 1.13 0.31
450 18.94 67.55 5.60 3.62 2.66 1.27
500 19.72 67.7 5.56 4.56 1.34 1.12
600 19.26 67.84 6.14 4.42 1.66 0.67
It was found that the variability in Si and O, the two constituents with the highest at. %,
were inter-related. The data in Figure 2 show that when the at. % of oxygen increased, for example,
from 450 to 500 ◦C, there was a corresponding decrease in the at. % of Si. It is probable that changes in
oxygen content, due to differing surface contamination levels between samples, exert an influence over
other constituent elements, which all have significantly lower at. %
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Figure 2. Atomic percentages of Si and O at the E-glass surface with respect to the thermal
conditioning temperature.
In contrast to the other elements measured in the analysis, Ca demonstrated a relatively consistent
trend with the conditioning temperature, as shown in Figure 3. In each of the series of measurements
carried out, an increase in Ca at the fibre surface was observed after conditioning at 600 ◦C, while its at.
% was largely stable throughout the rest of the temperature range investigated. The increase was more
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Ca2p_ser1 Ca2p_ser2
Figure 3. Atomic percentages of Ca at the E-glass surface with respect to the thermal
conditioning temperature.
3.3. Atomic Force Microscopy
The average RMS roughness of bare E-glass fibres is presented in Figure 4, alongside the
strength-loss behaviour of the fibres from Figure 1.
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Figure 4. Average fibre tensile strength at room temperature, and fibre surface RMS roughness after
thermal conditioning.
It was observed that fibre surface roughness increased with increasing conditioning temperature,
while fibre strength decreased. Aside from this general trend, the correlation between these data was
not close. For example, surface roughness increased significantly following treatment to only 200 ◦C,
whereas fibre strength was not significantly different from the baseline value at these low treatment
temperatures. The region of most significant strength loss occurred for conditioning temperatures in
excess of 450 ◦C: of the total strength loss between room temperature and 600 ◦C, around 50% of the loss
occurred between 450–600 ◦C. Over a similar range of thermal conditioning temperature from 400–600
◦C, there was only a relatively small increase, however, in RMS roughness. A close inverse correlation
between the retained tensile strength and the surface roughness was observed at the higher end of the
conditioning temperatures investigated between 500–700 ◦C. Fibre strengths decreased precipitously,
while the fibre surface roughness increased very rapidly, more than doubling from 500 to 700 ◦C.
If, instead of RMS roughness, the maximum depth below the z = 0 plane (labelled z-min) was
plotted against the heat treatment temperature, the graph obtained was approximately the inverse.
It should be noted that the values of zmin were obtained directly from the raw topographical data.
The z = 0 plane is established automatically by the Nanoscope software after polynomial fitting, and it
lies at the mean of all of the height data points. The values of zmin represent the deepest flaws, pits or
slots at the fibre surface that could be detected. These data are plotted with the retained fibre tensile
strength in Figure 5.
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Figure 5. Average fibre tensile strength at room temperature, and average minimum topographical
feature in the z-direction after thermal conditioning.
The data in Figure 5 show that the trend for the average zmin of topography at each treatment
temperature correlated relatively well at higher treatment temperatures with fibre strength loss, but there
was an obvious disparity at 300 ◦C. The decrease in zmin between 400–500 ◦C was only relatively small
in comparison, with a significant decrease in fibre strength over the same temperature range.
The changes in surface topography observed using AFM were relatively consistent at each
conditioning temperature. Examples of some typical topography plots are given in Figure 6.
Figure 6. Three-dimensional topography plots of bare E-glass fibre: untreated and thermally conditioned
at 200–700 ◦C.
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The surface of untreated fibres was mostly flat, but two types of surface features were observed.
Raised circular or ovoid areas of between 100–200 nm in diameter were found; phase plots indicated
that these were part of the glass and not a contaminant on the surface. Very small contaminant particles
of no more than a few tens of nm in size, identified by a clear phase contrast with the glass, covered the
surfaces of all samples. The heat treatment process appeared to remove these contaminant particles.
Changes to the surface topography as the roughness increased were generally homogenous across the
surface of fibres: Figure 6 shows the typical topographic plots of fibres thermally conditioned between
200 to 700 ◦C. The additional images obtained at each conditioning temperature were similar to those
presented; this was reflected in the size of the error bars in Figure 4, as the average roughness was
calculated using all of the available topography data.
After thermal conditioning at only 200 ◦C, the fibre surface changed completely in comparison to
the untreated fibre. A uniform textured appearance was observed, and the maximum height in the
z-direction almost doubled in comparison to the untreated fibres. It is possible that this new rougher
surface structure obscured the circular mounds that were previously found, but this was not tested.
Alternatively, these features could also be a product of some surface contamination that was removed
when the fibres were thermally conditioned. This explanation, however, seems less likely, as the
mounds were not discernible in the AFM phase data, suggesting that they have similar mechanical
properties to the glass surface.
As all of the topography plots in Figure 6 are presented using the same z-scale, the progressive
increase in z-range that corresponds with increasing roughness through the range of conditioning
temperatures can be clearly observed. Approaching the critical temperature range for strength loss
at 400 and 500 ◦C, the fibre topography was mostly unchanged, reflecting the constant roughness.
The surface of the fibres, particularly those conditioned at 400 ◦C, showed the development of numerous
small but well-defined peaks measuring approximately 50–70 nm in the x–y plane. At the highest
conditioning temperatures of 600–700 ◦C, individual peaks were no longer visible, and the entire fibre
surface instead appeared to be mottled. The average z-range of the analysed areas increased by almost
an order of magnitude from the initially untreated fibres to those conditioned at 700 ◦C.
Extracted from typical topography plots, 2D line sections from fibres heat-treated at 400, 500,





















Figure 7. Typical 2D sections of the surface topography after heat treatment at 400 and 500 ◦C.
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Figure 8. Typical 2D sections of the surface topography after heat treatment at 600 and 700 ◦C.
The slight differences in the surface morphologies of fibres treated at 400 and 500 ◦C can be more
clearly observed in Figure 7. A greater number of smaller peaks were observed for 400 ◦C treated
fibres than 500 ◦C, although the heights of these were approximately the same overall. Fibres treated at
600 ◦C began to lose smaller well-defined peaks, as can be seen in Figure 8, and this process was clearer
yet for fibres treated at 700 ◦C. In this latter case, the peaks appeared to further coalesce together in
groups, and the heights of the features again increased significantly.
An estimate of the total surface area covered by the developing surface topography was obtained
by using the built-in capabilities of NanoScope Analysis. The half-height of each topographical image
was calculated by using the raw data, after the exclusion of features due to surface contamination,
using the simple equation 12 (zmax − zmin). A mask was placed at this height, and the surface coverage
of the features lying above the mask was measured. A selection of heat-treated fibres with these
features identified by the software is shown in Figure 9.
400 °C 500 °C
600 °C 700 °C
2.8 μm
Figure 9. Fibre topography of heat-treated fibres masked to identify the coverage of the structure
(sample areas approx. 2.8 × 2.8 μm).
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This procedure was carried out on all fibre surface areas for which topographical data were






































Heat treatment temperature (°C)
Figure 10. Coverage of the higher (masked) phase of surface topography as a percentage, over heat
treatment temperature.
A step change in the coverage percentage was noted; similar values were calculated for
lower treatment temperatures of 200–500 ◦C, followed by a significant increase to 600 and 700 ◦C,
which themselves were similar to one another. This somewhat reflects the observations of the 3D
topography plots, in which the appearance of 600 and 700 ◦C treated fibres were somewhat alike.
It is notable, however, that the coverage percentages calculated for 200–500 ◦C were approximately
constant, despite the relatively dissimilar fibre surface topographies. These data highlight a clear step
change which occurred between the 500 and 600 ◦C treatment temperatures.
3.4. Scanning Electron Microscopy
3.4.1. Fibre Surfaces
Images of the fibre surfaces were obtained using SEM, in an attempt to complement the image
data from AFM. The consequent loss of quantitative topographical data was compensated by the
ability to image large areas of the fibre surface quickly, in contrast to the slow rate of data generation
using AFM. Two images of fibres identically thermally conditioned at 700 ◦C are shown in Figure 11;
one obtained using SEM and the other by AFM. From close visual inspection of the images, it appeared
clear that the same surface topography was visible, regardless of the method of microscopy used.
In image (b) obtained by AFM, a significantly greater contrast in the z-axis was evident, as expected.
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Figure 11. Images of 700 ◦C conditioned fibres obtained using (a) Scanning Electron Microscopy (SEM)
and (b) Atomic Force Microscopy (AFM).
The surface of the thermally conditioned fibres over a range of temperatures was imaged using
SEM. No consistent change of the fibre surface was visible until a temperature of at least 600 ◦C was
used. Although the AFM results showed that roughening occurred at temperatures as low as 200 ◦C,
the resolution of SEM was not sufficient to discern the features until they were of several tens of nm
in height. It is possible that this is due in part to the need to coat fibres with a conductive material.







Figure 12. SEM images of E-glass fibre surfaces: untreated and following thermal conditioning at 600,
650 and 700 ◦C.
The SEM image of the surface of untreated bare glass fibres was found to be largely featureless,
except for some small contaminant particles of sub-micron dimensions. Similar particles were observed
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by AFM on untreated fibre surfaces; using phase imaging, it was clearly observed that they were
distinct and not part of the glass surface (as opposed to the mound-like features of 100–200 nm,
which were identical to the surrounding glass surface in the phase images). When the fibres were
thermally conditioned at or above 600 ◦C it was possible to observe the progressive development of
features on the fibre surface in the SEM micrographs. As shown by the increase in RMS roughness
from AFM (Figure 4) the surface features became progressively easier to discern in SEM images as
the conditioning temperature was increased. Significantly, the images provide evidence that the
phenomenon occurred across the entire fibre surface; complementing the AFM data, which were
captured for only a relatively small surface area on each fibre analysed.
3.4.2. Fracture Surfaces
The fracture surface of both as-received and heat-treated fibres following tensile testing were
imaged using SEM. In line with established methods [16] the fractures were examined for visible
indications of flaws at which failure was initiated. An example of both non-visible and visible flaws at
the fracture origin is presented in Figure 13.
 1μm 1μm
(a) (b)
Figure 13. Fracture mirror region of 450 ◦C heat-treated fibres; (a) no visible flaw and (b) visible
semi-circular flaw at the origin of fracture.
A total of 19 fracture surfaces were imaged with sufficient resolution to be inspected for signs of
visible flaws at the origin of fracture. The data are presented in Table 2. Samples were categorised as
one of three possible types; no visible flaw at the origin of mirror region; visible flaw at the origin or
internal pore at which the fracture appeared to have been initiated.
Table 2. Summary of flaws observed on fracture surfaces produced by failure in pure tension, using
both as-received and heat treated E-glass fibres.
Sample Fracture Surfaces Available Type 1 Type 2 Type 3
Surface flaw data No. No visible origin Visible origin Internal pore
Continuous E-glass 19 15 4 0
Unlike the data presented by Lund and Yue [16], no examples were found of fibres with internal
pores at which failure occurred. An obvious explanation is that the fibres used in this study were
all drawn from bushings, rather than produced by spin-casting. The majority of the mirror regions
examined showed no evidence of any flaw at the origin. It is possible that the conductive gold coating
may have obscured such features, however great care was taken to apply only a very thin coating to
prevent this issue.
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4. Discussion
4.1. Chemical Surface Changes
Chemical analysis of the surface of the heat-treated fibres revealed that a consistent trend was
measured only for calcium: the concentration increased with increasing treatment temperature,
particularly from 500 to 600 ◦C. This result agrees with the findings of Nichols et al. [17]: they reported
that the surface region of E-glass fibres was depleted in calcium with respect to the bulk but that surface
concentration of Ca increased when the fibres were heat treated. They proposed that Ca diffused from
the fibre bulk to the surface and the evidence reported here is in agreement with such a mechanism.
Quantified as the commonly used Ca/Si ratio, our data showed a maximum increase of around 12.5%
in Ca/Si following heat treatment at the highest temperature studied, using XPS of 600 ◦C. This is
lower than the almost 19% increase in Ca/Si reported in [17], but this difference may be explained
by the shorter heat treatment used in our work. The chemical compositions of the fibres used also
differed; Nichols et al. used a boron-containing E-glass, but in this study, a boron-free formulation was
used. Our results, therefore, are the first to demonstrate the calcium diffusion and surface enrichment
phenomenon for boron-free E-glass.
There exists little to no experimental data in the literature to suggest what effect a change in the
surface concentration of Ca might have on the strength of glass fibres. It is understood that increasing
the ratio of CaO in a glass blend slightly reduces strength, and the increases modulus of the product
fibre [18] but this relates to the total content in the glass, and not the surface concentration. Calcium acts
as a network modifier in E-glass, balancing the charge associated with the oxygen ions caused by the
incorporation of non-siliceous species into the network, while itself being present in the interstices.
A similar interstitial network modifier is sodium, for which some data relating concentration and
glass strength exists. Investigated by Kennedy et al. [19] and summarised by Freiman [20], it was
found that increasing the concentration of sodium in silica glass produced an increase in fracture
toughness. It was postulated that this may be related to changes in straining or bending of Si–O bonds,
thus influencing the size of a so-called process zone near the crack tip where elastic fracture mechanics
may no longer apply. Even if the increase in Ca concentration after thermal conditioning, which is of
relatively small magnitude, had an influence on the retained tensile strength of the fibres, it is unlikely
that it would produce a weakening effect. Therefore, while the Ca surface-enrichment phenomenon
due to heat treatment has been confirmed for boron-free E-glass for the first time, the phenomenon
does not seem to be very likely to be related to fibre strength loss. This conclusion is further supported
by the lack of correlation between Ca concentration at the surface, and fibre strength loss with heat
treatment temperature.
4.2. Physical Surface Changes
4.2.1. Possibility of Phase Separation
A small number of AFM investigations of the surface of uncoated glasses, including glass fibres,
have been reported in the literature [21–24], but the scope of these investigations did not include heat
treatment. A systematic analysis of thermally conditioned E-glass fibres by AFM such as that reported
here has not previously been conducted. Our surface topography and roughness data do not appear to
correlate precisely with the fibre strength loss data presented (Figure 4). This suggests that there may
not be a straightforward relationship between the development of roughness at high temperatures and
the causes of fibre strength reduction. These data do not appear to support a relationship between
increased surface roughness and the development of critical surface flaws. Data obtained on the
parameter zmin as determined by AFM showed a somewhat better correlation with fibre strength loss
(Figure 5) than did surface roughness. If this parameter is interpreted as an indication of flaw depth,
however, the magnitudes are many times smaller than theoretical critical flaw sizes that would agree
with the experimentally measured fibre strengths. This is explored in greater detail in a later section.
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Aside from the issue of representation of flaws from AFM, the surface topography data provide
intriguing new evidence of possible surface changes affecting heat-treated glass fibres. The phenomenon
of phase separation in bulk glasses has been well studied and reported in the literature. The possibility
of phase separation in glass fibres, however, has almost never been addressed, aside from a single
paper on lithium alumino-silicate fibres from almost 50 years ago [25]. There is a body of literature that
describes the phase separation of siliceous glasses; such studies often employ simplified binary glass
systems [26,27] but more complex glasses have also been studied [27–29]. Phase separation following
nucleation and growth or spinodal decomposition processes have both been reported, with an apparent
dependence on the glass composition used. This is well summarised in a study by Wheaton and
Clare [27] in which the sodium silicate and alkali borosilicate glasses analysed showed phase separation
by spinodal decomposition, and nucleation and growth, respectively.
The 2D topography graphs presented in Figures 7 and 8 bear resemblance to those in [27]:
the heights of the peaks increased with the severity of the heat treatment, and the number of peaks
per μm decreased. This is shown most clearly at 700 ◦C (Figure 8), where the coalescence of smaller
individual peaks into only a few larger ones was observed. Significant differences remain between
these data, and those that might be described as an ‘ideal’ example of phase separation. This may be
explained, however, as the glass fibres used in our investigation were not etched in hydrofluoric acid,
which is commonplace in similar studies [27,28]. A clear height contrast due to differential etching
rates of phases was therefore not achieved in the topography plots reported here. It is also possible
that the process observed was not fully developed, as the heat treatment time of approximately 20 min
was relatively short.
As samples were not acid-etched before AFM analysis, it was not possible to easily discern high
and low areas of topography. The use of bearing analysis in NanoScope Analysis, however, made it
possible to classify the surface into two regions in a reproducible manner. Examples of heat-treated
glass fibres whose high topography regions are masked, is shown in Figure 9. Quantitative analysis
of surface coverage of the higher phase is presented in Figure 10. The coverage percentage of the
untreated fibres was effectively zero: these fibre surfaces were also the most challenging on which
to carry out the analysis, as they suffered from the greatest amount of surface contamination by a
significant margin. Fibres that were treated at 200–500 ◦C produced a coverage percentage of the
higher phase of between 10–20%; this increased significantly to between 45–53% for fibres that were
heat-treated at 600 or 700 ◦C. The fibre surface areas in Figure 9 for 600 and 700 ◦C showed the similar
coverage percentages, but also the coalescence of surface features that were also presented in Figure 8.
The relatively constant area over this temperature range, in addition to the decreasing interfacial area
between the high and low phases, would be consistent with a spinodal decomposition mechanism [30].
The heat treatment times used in our investigation were significantly shorter than those commonly
used in studies of phase separation of siliceous glasses; however, such studies have always used bulk
glass rather than glass fibres. The significantly larger surface area-to-volume ratios of the glass fibres
used in our study may explain the possible occurrence of spinodal decomposition over a shorter than
usual time scale.
4.2.2. Effects Relating to Water
Heat treatment at a temperature of 200 ◦C caused a fivefold increase in roughness compared to the
untreated fibre surface. This significant roughening may be a product of surface water on fibres [31,32]
plus applied heat; even water alone at room temperature is sufficient to produce significant fibre
roughness over longer timescales [24]. In any case, this temperature range is not of the greatest
interest, as only a small decrease in fibre tensile strength was measured. The increase in roughness
found at higher temperatures of 400 ◦C and above is unlikely to be related to surface water: it has
been demonstrated that the adsorbed surface water is removed upon heating to a temperature of
approximately 350 ◦C [33]. Rather than water adsorbed at the surface, Nishioka [33] presents some
evidence of diffusion of water from within the glass bulk structure out to the surface at temperatures
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in excess of 550 ◦C. The process may continue up to and beyond the glass transition temperature.
No further exploration of this phenomenon appears to have been undertaken; it is thus unclear in
what form the detected water is present in the glass structure. Diffusion of water into glasses has been
studied at length, and it has been shown that water can be present in silica glass as hydroxyl, or in
its molecular form [34,35]. It remains possible that at high temperatures, pairs of hydroxyls react to
produce molecular water, which diffuses out of the structure. The reaction is usually presented as
shown in Equation (1):
H2O + SiOSi ↔ SiOH + HOSi (1)
The reaction described is reversible, and local equilibrium depends on the conditions.
As temperature increases or local vapour pressure decreases, the reaction in Equation (1) shifts
to the right hand side, or in other words, the solubility of molecular water decreases [36]. This water
will either react to form additional silanols, or alternatively, it may diffuse out from the structure, as
found by Nishioka [33]. In either case, the physical processes involving water appear to occur in the
glass fibre structure at the same relatively high temperatures which are associated with fundamental
fibre strength loss. The role of water in thermally induced strength loss of glass fibres has not been
directly investigated, but it must remain a possible contributing mechanism. In other studies water
has been established to possess a significant influence over the strengths of glasses and glass fibres;
it has a weakening effect on freshly manufactured glass fibres at room temperature [37], but inversely,
it can, at elevated temperatures, be used to increase the strength of weakened glass [38,39].
4.3. Fibre Strength Loss and Fracture Behaviour
The results presented in Figure 1 describe the fundamental strength loss of bare E-glass fibres
due to only thermal effects. The single-fibre heat treatment process used minimises possible surface
damage to fibres by mechanical means, such as fibre–fibre or fibre–surface interactions. The latter can
be avoided in any fibre testing procedure, provided that sufficient care is taken, but the former will
inevitably occur if thermal conditioning is performed on fibre bundles. It has been shown that the
method of heat treatment selected has a significant effect on the retained fibre strength over a wide
temperature range of 200–600 ◦C [7]. Additional mechanical damage can occur when single fibre
tensile specimens are extracted from heat-treated bundles, adding to the fundamental strength loss
from thermal effects.
It is this fundamental strength loss that is of particular interest, as a satisfactory explanation for
the phenomenon has yet to be presented in the literature. Glass fibres are brittle materials, and this is
not changed after their exposure to elevated temperatures. Their failure, therefore, should be based on
a discussion of flaws or cracks. The failure behaviour can be described adequately by relatively simple
models, such as Griffith’s theory [12]. This is often expressed mathematically in combination with




In Equation (2), KIc is the material fracture toughness in N/m3/2, σf is the failure stress in
N/m2 and ‘a’ is the critical dimension of a flaw which may be straight-edged, circular, or elliptical.
The dimensionless parameter Y is defined by the geometry of the flaw-initiating failure, which is
usually obtained by direct observation; corresponding values may be found in ASTM C1322-05b.
Within this theoretical framework, a decrease in fibre strength implies that during thermal conditioning,
either new, more severe, flaws develop, or pre-existing flaws grow. Such growth might consist of
an increase in the critical flaw dimension ‘a’, or a change in the flaw geometry that causes failure at
decreased stress. An alternative possibility to explain a decrease in strength might also be a reduction in
the mode I fracture toughness; however, some evidence has been presented suggesting that toughness
is not changed after the thermal conditioning of E-glass fibres [41].
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Fractographic analysis of single glass fibres is relatively challenging and time consuming; perhaps
for this reason, there are few papers where sufficient data were collected to allow for useful quantitative
analysis [16,42]. The data presented in Table 2 confirm the finding of [16], that the majority of the
fracture mirror regions do not have observable signs of a flaw at which the failure originated. Our data,
however, show this to be true for a commercial continuous E-glass, rather than for the cascade spun
materials in [16]. All failures appeared to originate at the surface, as expected for a brittle material
such as glass fibre, whose failure is governed by the surface flaw distribution.
A few visible flaws were found during fractography; an example is given in Figure 13b. In this case,
the flaw dimensions give an almost perfect agreement between the theoretical fibre strength—according
to Equation (2)—and the measured strength from testing, which are both 1.2 GPa. While it is occasionally
possible to identify such surface flaws on fracture surfaces, they have never been identified on
pre-fracture glass fibres. The AFM study of heat-treated fibres that were not tensile-tested was intended
to discover if surface flaws could be imaged, in addition to providing data on any other changes in
surface topography and roughness.
The minimum height measured below the z = 0 plane in topography plots, labelled zmin,
was analysed, and the data are presented in Figure 5 and Table 3. The two datasets in Figure 5 correlate
relatively well across the temperature range used. At lower treatment temperatures the fibre tensile
strength was relatively stable but the average zmin fluctuated greatly between room temperature
(untreated) and 400 ◦C. The most critical strength loss began after heat treating to 450–500 ◦C,
whereas the flaw depth over the same approximate range increased only slightly. The region in which
the trend was relatively similar was 500–700 ◦C in which both the fibre tensile strength and the average
flaw depth decreased rapidly. Table 3 shows that the magnitudes of the average zmin measured by AFM
were significantly smaller than those that would be required to produce failure at a stress consistent
with the average values measured and presented in Figures 1, 4 and 5. The disparity between the
theoretical strength, based on Equation (2), and using the average zmin depth as the critical flaw, and the
measured strength was at least 2, but generally of the order ≥ 4. The disparity in theoretical flaw size is
even greater at around ≥ 16, due to the square root in Equation (2).
Table 3. Comparison of measured average strengths of heat-treated fibres, with calculated strengths










Y = 1.12 Y = 1.29
200 1.42 −8.5 5.0 4.3
300 1.31 −22.2 3.1 2.7
400–450 1.12 −11.9 4.2 3.7
500 0.83 −14.8 3.8 3.3
600 0.66 −21.4 3.1 2.7
700 0.31 −31.7 2.6 2.2
The systematic topography study produced data that suggests the existence of physical changes
at the fibre surface that have not previously been described, but they did not produce unambiguous
evidence of a critical surface flaw. Although troughs below the mean surface (z = 0) were found in all
images, their magnitudes were significantly too small to represent critical flaws. Further, although
they generally tended to increase in depth as the average fibre strength decreased, the correlation
between these was not precise over the temperature range investigated. This may suggest that AFM is
not able to measure surface flaws on glass fibres that have not been fractured. A possible explanation
is that the surface flaws on the unstressed fibres are too closed to be detected. The geometry of the
tip used to characterise surface topography always places some limits on the resolution that may
be detected. The tip radius and the front, back and side angles of the tip combine to produce these
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geometric constraints. In the case of the analysis presented, the tip radius was approximately 8 nm
and the relevant angles between 15–25◦. If, for simplicity, the surface flaw is imagined as a slot with
straight sides, then it must be greater than 8 nm across to be detected. Even when small flaws can
be detected, if they are relatively narrow and deep, the probe will be unable to approach the bottom.
For example, the average measured strength of a 200 ◦C treated fibre, 1.42 GPa, requires a theoretical
flaw depth of at least 78 nm; for the AFM probe to touch the bottom of this flaw, it would need to have
a width of at least 57 nm.
Alternatively, the low sampling rate that can realistically be achieved in AFM analysis is
problematic: for example, if only two areas of 9 μm2 are analysed on a nominal 17 μm diameter fibre of
length 20 mm, this represents just one thousandth of 1% of the total surface area. The likelihood, then,
of positioning the AFM probe above a site that contains the critical surface flaw of the fibre length—or
any flaw even approaching it—is low. Even if it were possible to analyse along the entire length of such
a fibre in a reasonable timescale, only the topmost section can be imaged due to mounting constraints,
giving analysis of just over 5% of the fibre surface area.
5. Conclusions
The fundamental strength loss due to the thermal effects of bare E-glass fibres heat-treated between
200–700 ◦C has been presented. Chemical and physical changes at the surface of these fibres were
analysed by using a variety of techniques, in an attempt to understand how they might contribute to
the observed fibre strength decrease. An increase in the surface concentration of calcium was detected
at 600 ◦C; it did not, however, correlate with fibre strength loss behaviour. Fibre surface roughness
increased significantly with heat treatment temperature, while an inverse trend was found for the
depth of topographical features below the z = 0 plane, zmin. Neither of these trends correlated closely
with fibre strength loss, except between 500–700 ◦C, where fibre strength and zmin decrease and surface
roughness increases rapidly. It was found that the values of zmin from topography data corresponded
to theoretical failure strengths of greater than the actual measured value by a factor of at least four,
in the majority of cases. It was concluded that AFM was unable to effectively image surface features
that might represent a critical surface flaw, since the high magnification and limited sampling rate that
can be achieved severely limits the probability of finding such a critical surface flaw. Alternatively
it is possible that surface flaws are too close to each other in an unstressed fibre to be detected by
AFM. The fractography data presented showed that, for the large majority of fracture surfaces, it is not
possible to observe the flaws that induced the failures. Although AFM analysis was not successful in
directly imaging the critical surface flaws of un-fractured fibres, it revealed significant surface changes
that occur when glass fibres are thermally conditioned. The nature of these changes suggests that phase
separation may be occurring at the glass fibre surface at high temperatures. Evidence for this was
found at treatment temperatures of 600–700 ◦C, although the initial stages of this phase separation may
already be present at 400–500 ◦C. This phenomenon occurs over the same approximate temperature
range as that causing the most significant fibre strength loss. Further investigation of this phenomenon,
including its relation to a decrease in fibre strength, might further improve our understanding of the
fundamental thermally-induced strength loss mechanism.
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Abstract: This study shows that chitosan (CS) could be highly useful as a coupling agent in phosphate
glass fibre/polycaprolactone (PGF/PCL) composites, as it improved the interfacial shear strength by
up to 78%. PGFs of the composition 45P2O5–5B2O3–5Na2O–24CaO–10MgO–11Fe2O3 were dip-coated
with CS (with a degree of deacetylation >80%) dissolved in acetic acid solution (2% v/v). Different CS
concentrations (3–9 g L−1) and coating processes were investigated. Tensile and fragmentation tests
were conducted to obtain the mechanical properties of the single fibres and interfacial properties of
the PGF/PCL composites, respectively. It was observed that post-cleaning, the treated fibres had their
tensile strength reduced by around 20%; however, the CS-coated fibres experienced strength increases
of up to 1.1–11.5%. TGA and SEM analyses were used to confirm the presence of CS on the fibre
surface. FTIR, Raman, and X-ray photoelectron spectroscopy (XPS) analyses further confirmed the
presence of CS and indicated the protonation of CS amine groups. Moreover, the nitrogen spectrum
of XPS demonstrated a minimum threshold of CS coating required to provide an improved interface.
Keywords: chitosan; coupling agent; phosphate glass fibre; polycaprolactone (PCL) composite
1. Introduction
Much work so far has focused on phosphate glass fibre (PGF)-reinforced polymers as a substitute
for metal implants in bone tissue engineering, in order to achieve sufficient mechanical properties,
biodegradability, and biocompatibility [1,2]. Moreover, fibre-reinforced composites present high
stiffness and strength per weight when compared with other structural materials, along with adequate
toughness. The reinforcement of resins with short or long fibres has multiple applications in various
biomedical fields, especially in medicine [3] and dentistry [4]. However, the application of polymer
composites, such as PGF/PCL, is limited by the rapid loss of their strength profiles after exposure to
an aqueous physiological environment, which has been suggested to be due to loss of their interfacial
properties [5]. Recently, coupling agents have been explored to enhance the interfacial properties
of fibre/polymer composites [6,7]. Chitosan (CS) has a number of properties that make it a suitable
candidate as an interface agent for PGF/PCL composites.
Chitosan is the second most abundant natural polysaccharide next to cellulose and can be
produced from discarded crab and shrimp shells [8]. It is the N-deacetylated derivative of chitin with
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a typical degree of deacetylation of over 0.5, and it is a semicrystalline polymer in the solid state [9].
In dilute acidic solutions (below pH 6), CS is readily soluble due to the protonation of the amine groups,
which makes CS a water-soluble cationic polyelectrolyte [9]. The amino functional groups of CS can
participate in chemical reactions such as acetylation, chelation of metals, reactions with aldehydes,
ketone alkylation, grafting, and so forth, and the hydroxyl groups also facilitate reactions such as
o-acetylation, hydrogen bonding with polar atoms, and grafting, among others [10]. These reactive
functional groups make CS outstanding in the biocomposite field, with applications such as in blends
with other polymers [11], organic coupling agents [12], nanocomposites [13], and reinforced collagen
structures [14].
CS has generated enormous interest in biomedical applications due to its biodegradability and
biocompatibility [8,9]. For example, Copper et al. [15] investigated the fabrication and application of
CS–PCL fibres for nerve tissue regeneration. They reported a good polymer compatibility between
CS and PCL and achieved better cellular compatibility compared to PCL products. Zhang et al. [16]
produced CS scaffolds for bone tissue engineering and used phosphate calcium invert glasses as the
reinforcing filler. They found that the CS scaffolds with the calcium phosphate glass fillers had a
smoother surface and smaller pores with roughly circular shape. Therefore, they inferred that not only
the physical incorporation of the secondary phases occurs, but ionic complexes may also form between
the fillers and the CS, due to its high surface charge. These examples revealed a good interaction
between CS and both biopolymers and phosphate glasses, which suggested the potential of CS as
a coupling agent to improve the interface of PGF-reinforced polymer composites, such as might be
used for orthopaedic implants [17]. To the authors’ best knowledge, no study has yet been published
exploring the application of CS as a coupling agent.
Therefore, this study investigated the feasibility of CS as a coupling agent for PGF/PCL
composites. It was hypothesised that CS would have a good connection with PGF via hydrogen,
P–O–C, and/or N–P bonding [18,19]. Dilute acetic acid was used as a solvent for CS, which may also
impact the mechanical properties of PGFs [20]. However, this impact could be controlled in terms
of coating time and solution concentration. Mechanical properties of the coated and uncoated fibres
were ascertained using a single-fibre tensile test (SFTT). The interfacial shear strength (IFSS) was
analysed using a single-fibre fragmentation test. Thermogravimetric analysis (TGA) was used for the
detection and quantification of the CS coating on the fibres. Morphologic examination was performed
via SEM. FTIR, Raman, and X-ray photoelectron spectroscopy (XPS) analyses were conducted in order
to investigate the chemical interaction between the CS and PGFs. Finally, the CS-modified PGF/PCL
composites would be developed into composite bone plates for orthopaedic applications. The PGFs
can completely degrade in the aqueous solution, as can the polymer matrix. Cell culture analysis and
mechanical property studies have already been done and published [1,2].
2. Materials and Methods
2.1. Phosphate Glass and Fibre Preparation
Phosphate glass (45P2O5–5B2O3–5Na2O–24CaO–10MgO–11Fe2O3 in mol%) was prepared as
described previously [21]. An in-house facility was used to prepare ~25-μm diameter continuous fibres
via a melt–draw spinning process [22].
2.2. Coating Application
A 2% v/v acetic acid solution was prepared by mixing glacial acetic acid (purity >99.7%,
Fisher Scientific, Hampton, NH, USA) into Ultrapure Milli-Q water (Merck KGaA, Darmstadt,
Germany) [23]. The CS coating solution was then prepared by dissolving 0.3–0.9 g of CS powder
(low molecular weight (Mw), the degree of deacetylation (DD) > 80%, Sigma Aldrich, St. Louis,
MO, USA) in 100 mL of the acetic acid solution, stirring in hermetically sealed glassware to prevent
evaporation of acetic acid, until a transparent, viscous solution was obtained. PGFs were dip-coated in
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the coating solution and subsequently dried in an oven overnight at 50 ◦C, before proceeding with
tensile testing and single-fibre composite (SFC) preparation.
Five groups were prepared for comparison. Three of them (PCP-3, -6, and -9; PCP means
PGF–chitosan–PCL) were treated using the same coating process with different CS concentrations.
PCP-3R was post-cleaned after coating, i.e., the coated PGFs were immersed in 100 mL 2% v/v acetic
acid solution and lightly shaken to remove excess CS on the fibre surface. Uncoated PGFs (PCP-0)
were also placed in the oven and prepared as a control. Full details of the coating applications are
shown in Table 1.
Table 1. Details of coating applications. The sample codes were also used for the corresponding
single-fibre composites (SFCs).
Sample Codes PCP-0 PCP-3R PCP-3 PCP-6 PCP-9
Acetic acid solution mL - 100 100 100 100
CS g - 0.3 0.3 0.6 0.9
Dip-coating at RT min - 30 30 30 30
Drying at RT hour - 2 2 2 2
Post-cleaning min - 30 - - -
Drying at 50 ◦C hour 24 24 24 24 24
* PCP means PGF–chitosan–PCL; R in “PCP-3R” means “removing excess chitosan”; CS means chitosan; RT means
room temperature around 25 ◦C.
2.3. Single-Fibre Composite (SFC) Preparation
PCL films were prepared by compression moulding from granulated PCL (Mw 65,000, Esun,
Shenzhen, China), which was dried in an oven at 50 ◦C for 24 h before processing. Eight grams of
the dried PCL was placed between two steel plates with polytetrafluoroethylene (PTFE) as a release
film. Then, the steel plates were moved into a hydraulic press (ZhengGong, Zhengzhou, China),
preheated at 120 ◦C for 5 min, hot-pressed under 23 bar at 120 ◦C for 40 s, and cold-pressed under
23 bar at room temperature for 2 min. The resulting PCL films (thickness of 0.15–0.20 mm) were cut
into dimensions of 75 mm × 25 mm.
SFCs were prepared via a similar compression moulding process. A single fibre was axially
aligned between two prepared PCL films in the mound and fixed at both ends using heat-resistant
adhesive tape. Then, the mould was preheated at 120 ◦C for 10 min, hot-pressed under 14 bar at 120 ◦C
for 10 min, and cold-pressed under 14 bar at room temperature for 2 min. The resulting SFC was cut
into a dog-bone specimen of total dimensions 63 mm × 10 mm × 0.25 mm using a dog-bone cutter
(Keruite, Kunshan, China), with the gauge section being 25 mm × 5 mm.
2.4. Single Fibre Tensile Test (SFTT)
SFTTs were conducted in accordance with ISO 11566 [24]. Thirty individual filaments were
mounted onto plastic tabs for each sample type. The filaments were bonded to the tabs using a
UV-cured acrylic adhesive (Dymax, Wiesbaden, Germany). The gauge length was 25 mm.
Measurements of fibre diameter were conducted using an FDAS 770 fibre micrometre (Diastron,
Andover, UK), configured with an LSM 6200 laser scan micrometre (Mitutoyo, Kanagawa, Japan).
Before measurements, the micrometre was calibrated with a glass fibre of known diameter,
determined by a Sigma/VP SEM with ×1000 magnification (Zeiss, Jena, Germany), and the error on
each diameter measurement was taken to be ±0.3 μm. The value of diameter was obtained from the
average of three measurements of the fibre. The SFTT was performed using a LEX 820 tensile tester
(Diastron, Andover, UK) at room temperature with a load cell capacity of 1 N and a crosshead speed of
1 mm min−1 [25]. The Weibull distribution is an accepted statistical tool with which to characterise the
failure of brittle fibres [25]. The normalising stress and Weibull modulus are referred to as the scale
and shape parameters, respectively. The normalising stress describes the most probable stress at which
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a brittle fibre of the gauge length will fail [26]. Minitab 17 (Minitab Inc., State College, PA, USA) was
used to calculate Weibull parameters from the tensile strength data.
2.5. Single-Fibre Fragmentation Test (SFFT)
The interfacial shear strength (IFSS) was measured from SFCs by using the SFFT method.
Dog-bone specimens were axially loaded in an E45 tensile testing machine (MTS, Eden Prairie, MN,
USA) with a load cell of 1 kN and a crosshead speed of 1 mm min−1 until the strain increased
independently of the axial stress [25].
The PCL samples prepared were not transparent enough to see the fibre fragments using a
microscope after the tensile tests. Hence, the samples were sandwiched between two glass slides
and heated at 70 ◦C for 2–5 min on a hot plate to melt the PCL so that it became transparent. Then,
the number of fibre fragments within the gauge length was tallied under an NE 930 optical microscope
(Nexcope, Ningbo, China).




where τ is the IFSS, d is the fibre diameter, and σf is the single-fibre tensile strength at the critical















where m and σ0 are the Weibull shape and scale parameter, respectively, for the fibre strength at gauge
length l0. N is the number of fibre fragments and lf is the average fragment length, obtained using
optical microscopy.
2.6. Statistical Analysis
Statistical analysis was performed using version 22 of SPSS (IBM, New York, NY, USA).
The significance of difference between different samples was analysed using a Student’s unpaired t-test,
assuming equal variance and determining two-tailed p values [21]. Comparison of the significance
of change in one factor with CS concentration was performed by using one-way analysis of variance
(ANOVA), calculated with the Bonferroni post-test [22]. The Kolmogorov–Smirnov (K–S) test was
used to assess whether the samples follow a Gaussian distribution. The threshold value chosen for
statistical significance was the 0.05 level.
2.7. SEM
Fibres were fixed on the sample stage by using conductive adhesive tape and were then coated
with gold using an EM SCD 500 high-vacuum sputter coater (Leica, Welzlar, Germany). The stage with
sample was placed into a Sigma/VP SEM (Zeiss, Jena, Germany). The micrographs were taken at an
accelerating voltage of 3 kV using SE (secondary electron) mode.
2.8. Thermogravimetric Analysis (TGA)
TGA was performed using an SDT Q600 thermogravimetric analyser (TA Instruments, New Castle,
DE, USA). The CS powder and coated/uncoated fibres were heated from room temperature to 500 ◦C,
below the glass transition temperature (Tg) of the PGF, being around 520 ◦C [21]. A heating rate of
20 ◦C min−1 in flowing nitrogen gas of 50 mL min−1 was used for the experiment.
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2.9. FTIR and Microscope FTIR
Infrared spectroscopy was performed on the CS powder and chopped fibres using a Vertex 70
FTIR spectrometer (Bruker, Ettlingen, Germany), while a Cary 660 FTIR Spectrometer coupled with a
Cary 620 FTIR Microscope (Agilent Technologies, CA, USA) was used for precise analysis of the excess
coating on the fibre bundle.
All the samples were scanned in the region of 4000 to 400 cm−1 with a scan resolution of 4 cm−1 for
32 scans using the Attenuated Total Reflectance (ATR) system, and analysed by using Opus software
version 7.0 (Bruker, Ettlingen, Germany). Spectra were background-corrected.
2.10. Raman
Raman spectra in the range of 100–3500 cm−1 were taken at room temperature using
an inVia-Reflex Raman spectrometer coupled with an inVia Raman Microscope (Renishaw,
Gloucestershire, UK) and equipped with a 785 nm laser diode. The spectra of CS powder and
chopped fibres were obtained and then analysed by using WIRE software (Version 2.0, Renishaw,
Gloucestershire, UK).
2.11. XPS
An Axis Ultra (Kratos, Manchester, UK) with a monochromated AlKα X-ray source (1486.6 eV)
was operated at 8 mA emission current and 12 kV anode potential. For the XPS measurement, a fibre
bundle was mounted on the sample stage using a conductive adhesive tape at both ends, while the CS
powder was adhered on the stage by using conductive tape. Drift of the electron binding energy of the
peaks caused by surface charging was calibrated by using the C1s peak of the C–C bond at 284.5 eV.
3. Results
3.1. Mechanical Properties
As shown in Figure 1, the tensile modulus of PCP-0, -3R, -3, -6, and -9 were 72 ± 3, 73 ± 3, 72 ± 3,
69 ± 3, and 71 ± 6 GPa, respectively. No significant change was found for the modulus between the
uncoated and coated fibres. Tensile strength of the fibres are shown in Figure 1 and Table 2. Table 2
also represents the fibre diameters and Weibull parameters. It was observed that the tensile strength
of PCP-3R was reduced by 20.2% (p < 0.001) compared to the control (PCP-0), while there was no
significant difference between the tensile strength of PCP-3 and PCP-0. Moreover, the tensile strength
of PCP-6 and -9 were 1.1% and 11.5% higher than the control, respectively. Thus, the tensile strength of
coated fibres was observed to have a positive correlation with the CS concentration. Statistical analysis
further demonstrated the significance of this increase (p < 0.05).
Table 2. Diameters and Weibull parameters of coated/uncoated fibres (n = 30). The tensile strength











PCP-0 26 ± 4 565 ± 124 613 5.5
PCP-3R 24 ± 3 451 ± 114 495 5.5
PCP-3 25 ± 2 522 ± 104 565 5.3
PCP-6 26 ± 3 571 ± 120 619 5.3
PCP-9 25 ± 2 630 ± 111 675 6.7
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Figure 1. Mechanical properties (tensile strength and modulus) of coated/uncoated fibres (n = 30).
The statistical significance of the paired t-test is indicated (*) at the p < 0.05 level.
It was observed from Table 2 that the trend of the mean tensile strength was consistent with that
of the normalising strength. The Weibull modulus of the fibres ranged between 5.3 and 6.7. The fibre
diameters were around 25 μm, and no significant change in diameter was observed between coated
and pristine fibres.
3.2. IFSS Analysis
As shown in Figure 2, the interfacial shear strength (IFSS) of PCP-3R (9.97 ± 2.21 MPa) increased
by 78% (p < 0.001) compared to the control, PCP-0 (5.59 ± 0.50 MPa). In contrast, the IFSS of PCP-3
(8.72 ± 1.88 MPa) increased by 56% (p < 0.001) compared to PCP-0. Moreover, no statistical significance
was found for the difference in IFSS between PCP-3, -6, and -9.
Figure 2. Interfacial shear strength (IFSS) obtained from fragmentation tests (n = 10). The statistical
significance of the paired t-test at p < 0.05 was illustrated (*) compared to PCP-0.
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3.3. SEM Analysis
SEM was used to investigate the morphology of the fibres after the application of CS and also
to compare the surface of the coated and uncoated fibres. As shown in Figure 3a, the surface of the
uncoated PGF (PCP-0) was smooth, whilst some CS attachment was observed on the surface of all the
coated fibres (see Figure 3b–e). Moreover, the attachment of CS on PCP-3, -6, and -9 (see Figure 3c–e)
appears as a “seam” (for an example, see the white arrow depicted in image Figure 3e). The difference
in surface condition between PCP-3R and -3 (see Figure 3b,c) represented the effect of post-cleaning
and removing of the excess CS attached to the fibres. In addition, no cracks or pits were observed in
any of the samples tested.
As shown in Figure 3c, excess attachment of CS was observed as a seam on the PCP-3 fibre,
and otherwise, the coating on the fibre surface seemed to be uniform. The blistering and skinning
appearances indicated by white arrows in Figure 3f were generated under a prolonged exposure to the
electron beam and suggested the presence of a CS coating. The white arrow in Figure 3g indicates the
connection between two filaments, which was suggested to be formed by the presence of excess CS on
the fibre surface.
3.4. TGA
Figure 4 represents the change in weight percentage of CS powders and glass fibres as a function
of temperature. A derivative of the weight percentage curve (Wt%/◦C versus ◦C) is also presented for
a further analysis of decomposition temperature. Figure 4a shows the TGA results of the CS powders,
where two apparent peaks were observed on the derived Wt curve of CS at 86 and 310 ◦C, respectively.
The weight loss in the temperature between 230 and 400 ◦C was observed to be 43%, which was caused
by the decomposition of CS [27]. Figure 4b exhibits TGA traces of the coated and uncoated fibres.
A peak at ~300 ◦C was observed on the derived Wt curves of PCP-3, -6, and -9. One more peak was
found at ~160 ◦C for PCP-6 and -9. In addition, an obvious weight loss was found for PCP-3, -6, and -9
below 100 ◦C. Table 3 shows the corresponding peaks of derived Wt curves for CS powders and glass
fibres. The weight loss behaviour was observed to be composed of three stages. Table 3 also shows
the weight loss of CS powders and glass fibres heated from 230 to 400 ◦C. A greater weight loss was
observed with increasing CS concentration (from PCP-3 to PCP-6 and -9), and a reduced weight loss
was found after the post-cleaning (from PCP-3 to PCP-3R).
Table 3. Peaks of the Deriv. Wt (the derivative of weight percentage) curves and weight loss in the
temperature region of 230–400 ◦C (n = 3).
Sample Codes PCP-0 PCP-3R PCP-3 PCP-6 PCP-9 CS
Peaks on Deriv. Wt (◦C)
- - <100 <100 <100 86 ± 0
- - - 159 ± 8 159 ± 2 -
- - 279 ± 1 293 ± 3 291 ± 4 308 ± 3
Wt loss at 230–400 ◦C (%) 0 ± 0 0.02 ± 0.01 0.50 ± 0.01 1.98 ± 0.05 5.8 ± 0.2 43 ± 2
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Figure 4. Weight percentage and derivative of weight percentage (Deriv. Wt) for (a) CS powder and (b)
coated/uncoated PGFs. The main weight loss was observed between 230 and 400 ◦C. The red dashed
line and arrow in (a) were added for eyes guide.
3.5. FTIR Analysis
3.5.1. Microscope-FTIR
IR analysis was performed on the “seam” (CS-S) of the coated fibres to characterise the excess
coating on the fibre (see the seam in Figure 3e. The comparison between CS-P and CS-S in Figure 5
found a decrease in band absorption intensity around 1027 and 3358 cm−1 in the spectra of CS-S.
The band around 561 cm−1 observed in CS-P disappeared in CS-S. Moreover, the bands of CS-P at
1151, 1648, 3291, and 3358 cm−1 were also observed in the spectrum of CS-S. The bands at 1027, 1063,
1315, 1375, 2873, and 2917 cm−1 were found to shift to higher wavenumbers for CS-S as compared to
CS-P, while the band observed at 1419 cm−1 shifted to a lower wavenumber. The band at 1589 cm−1
disappeared for CS-S and a new band was found at 1560 cm−1. Peak assignments are provided in
Table 4.
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Figure 5. FTIR spectra of the CS powder used for coating (CS-P) and the “seam” on the PGFs (CS-S).
Table 4. FTIR and Raman band assignments for pure PGF and CS.
Wavenumber (cm−1) Assignments Ref.
FTIR–PGF
495 δas(O–P–O) in Q1 species [28,29]
754, 894 υs and υas(P–O–P) of the bridging oxygen in Q2 species [29,30]
~1040 υs and υas(P–O−) in Q1 species [29,30]
~1200 υas(PO2)− of the nonbridging oxygen in Q2 species [28,31]
FTIR–CS
1027, 1063 υ(C–O) in the pyranose ring [11,32]
1151 υas(C–O–C) in the glycosidic linkage [11,32]
1315 υ(CH2) [33]
1375 symmetric deformation mode of CH3 [11,34]
1419 δ(C–H) [33,35]
1589 δ(NH2) [32,33]
1648 υ(–C=O–) in the amide group [11,35]
2873, 2917 υ(C–H) [11,33]
3291, 3358 υs(N–H) and υs(O–H) [11,33]
Raman–PGF
353 δ(PO4) of phosphate polyhedra [36,37]
450–650 δs and δas(PO2)2− in Q0 species [38,39]
736 υs(P–O–P) of the bridging oxygen in Q1 species [37,38]
946 υas(P–O−) of the nonbridging oxygen in Q0 species [37,39]
1097 υas(P2O7)4− in Q1 species [39]
~1250 υas(PO3)− of the non-bridging oxygen in Q2 species [36,38]
Raman–CS
898 υs(C–O–C) in the pyranose ring [40,41]





1659 υ(C=O) in the amide group [44,45]
2734, 2889, 2933 υ(CH), υ(CH2), and υ(CH3) [41,44]
3305 υ(NH2) [40,41]
δs (δas) = symmetric (asymmetric) bending vibration
υs (υas) = symmetric (asymmetric) stretching vibration
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3.5.2. ATR-FTIR
IR analyses were also performed on the coated fibres to investigate the chemical interaction
between the CS coating and the PGF surface. The bands of uncoated PGFs (PCP-0) were taken as the
control and the bands of pure CS powders were used as references. The band assignments are listed in
Table 4.
Figure 6a shows that the main bands of PCP-0 were observed at 495, 754, 894, and ~1040 cm−1.
Shifts towards lower wavenumbers were observed for the bands at 495 and 754 cm−1 for all the coated
fibres. It was also obvious that the bands at 894 cm−1 shifted to a lower wavenumber in PCP-3, -6,
and -9, while no evident change was found on the band at 1040 cm−1.
Figure 6. Cont.
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Figure 6. FTIR spectra of the coated/uncoated fibres and the pure CS powder at the band range of
(a) 400–1300 cm−1, (b) 1300–1800 cm−1 and (c) 2500–3800 cm−1.
As shown in Figure 6b, the absorption bands of CS at ~1648 cm−1 were found only in PCP-3, -6,
and -9, and a new band was also found at ~1633 cm−1. The band at 1589 cm−1 disappeared in the
spectra of all the coated fibres, while a new band appeared at 1547, 1560, and 1552 cm−1 for PCP-3, -6,
and -9, respectively.
Absorption bands at 2873, 2917, 3291, and 3358 cm−1 were observed in PCP-3, -6, and -9, and a
significant decrease in absorption intensity was observed at 3291 and 3358 cm−1 for the coated fibres
as compared to CS (see Figure 6c).
3.6. Raman Analysis
Raman analyses was performed on the coated/uncoated fibres and the CS powder. The bands in
the spectra of PGFs were observed in the range of 300–1400 cm−1. As shown in Figure 7a, the bands
located at 353, 736, 946, and 1097 cm−1 were unchanged for the coated fibres compared to PCP-0.
The intensity of the bands at 946, 1097, and ~1250 cm−1 were observed to decrease for PCP-3R, -3, -6,
and -9, especially the band at 1097 cm−1. The broad band observed at 450–650 cm−1 was considered to
be an overlapping of peaks, which were difficult to distinguish. The band assignments are listed in
Table 4.
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Figure 7. Cont.
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Figure 7. Raman spectra of the coated/uncoated fibres and the pure CS powder at the band range of
(a) 250–1300 cm−1, (b) 1300–1750 cm−1 and (c) 2550–3400 cm−1.
As shown in Figure 7b, four bands were observed at 1375, 1459, 1596, and 1659 cm−1 in CS.
The bands at 1596 and 1659 cm−1 were also observed for PCP-6 and -9 with much lower intensities
compared to CS. However, only the band at 1659 cm−1 was observed for PCP-3, while neither of the
two bands at 1596 and 1659 cm−1 were found in PCP-0 and -3R.
Figure 7c shows the bands of CS at 2734, 2889, 2933, and 3305 cm−1. A decrease in the band
intensity of 2889 and 2933 cm−1 were observed in PCP-3, -6, and -9. The bands at 2734 and 3305 cm−1
were observed to disappear in the spectra of all the coated fibres.
3.7. XPS Analysis
High-resolution XPS spectroscopy was performed on the coated/uncoated fibres and the CS
powder. Narrow scans of C1s, O1s, N1s, and P2p are exhibited in Figure 8. In the C1s scan of CS,
the carbon peak was deconvoluted into three signals at 284.5, 286.0, and 287.6 eV binding energy.
Similar peaks were also observed in the spectrum of PCP-3R, -3, -6, and -9.
The nitrogen peak in the spectrum of CS was deconvoluted into two signals, involving the main
peak at 399.1 eV and a much smaller peak at 400.7 eV binding energy. Their atomic ratios were 95
and 5%, respectively. The peak at 399.2 ± 0.1 eV was also found in the spectrum of PCP-3R, -3, -6,
and -9, whilst a new peak appeared at 401.3 ± 0.1 eV binding energy. Moreover, the atomic ratio of the
peak at 401.3 ± 0.1 eV was observed to increase from 40% to 65% as the PCP-3 samples were treated
by the post-cleaning process. On the contrary, the atomic ratio of the 401.3 ± 0.1 eV-peak decreased
to 17% as the CS concentration increased from PCP-3 to PCP-6. However, the atomic ratio remained
constant when the CS concentration increased from PCP-6 to PCP-9. The details of the binding energy
and atomic ratio of nitrogen are shown in Table 5.
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Figure 8. X-ray photoelectron spectroscopy (XPS) spectra of (a) C1s, (b) N1s, (c) O1s, and (d) P2p narrow
scans of coated/uncoated fibres and pure CS powders.
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Table 5. Binding energy and atomic ratio of N1s peaks in XPS spectra.
Sample codes Binding Energy (eV) Atomic Ratio
PCP-0 - -
PCP-3R 399.4; 401.5 35.2:64.8
PCP-3 399.2; 401.3 59.8:40.2
PCP-6 399.1; 401.1 83.2:16.8
PCP-9 399.2; 401.4 82.9:17.1
CS 399.1; 400.7 94.8:5.2
In the O1s spectroscopy, the spectrum of CS required three peaks for the curve fit, including the
main peak at 532.3 eV taking 86% of the oxygen atomic ratio and two much smaller peaks at 530.9 and
533.7 eV. The O1s peak of PCP-0 showed two deconvoluted peaks at 530.8 and 532.4 eV binding energy.
Due to the absorption peaks over similar ranges of binding energy, it was difficult to differentiate the
peaks between PCP-0 and CS in the spectrum of coated fibres. However, as shown in Figure 8c, it was
obvious that the signal of CS gradually dominated the peak from PCP-3R to PCP-9.
The P2p peak of PCP-0 was deconvoluted into two peaks at 133.3 and 134.4 eV binding energy.
Their atomic ratio was 67:33. Similar peaks were also observed in the spectrum of the coated fibres.
4. Discussion
4.1. Mechanical Properties
The impact on fibre strength caused by the acetic acid solution used for dip-coating and
post-cleaning was investigated by a comparison of PCP-0 with PCP-3 and -3R (see Figure 1). There was
no significant difference between the tensile strength of PCP-3 and PCP-0, while a significant decrease of
20.2% (p < 0.001) in tensile strength was observed for PCP-3R as compared to PCP-0. The degradation
of PGF in solution is highly pH-dependent and greatly accelerated at low pH [46]. Potentially,
the additional exposure to acid in the post-cleaning process caused additional glass degradation and
could have created additional surface flaws, affecting the fibre strength [46].
The mechanical properties of PCP-3, -6, and -9 fibres were compared to investigate the influence
of varying CS concentration. As shown in Figure 1, a linear increase in tensile strength was shown to
be statistically significant (p < 0.05) with respect to the CS concentration. The CS did not contribute
significantly to the fibre modulus, due to there being only a thin coating and having a much lower
modulus than the glass. However, Gao et al. [47] stated that the CS coating could make contributions
to the mechanical properties by reducing the flaw formation and crack growth at the glass fibre surface.
Firstly, the CS coating layer could protect the fibre surface from abrasion during sample preparation for
tensile testing, as well as moisture/alkali contact and reaction at a crack tip (stress corrosion). Secondly,
the protonation of amine groups in CS molecules could decrease the Na+/H+ exchange at the fibre
surface, and then the positively charged amine groups could absorb the free hydroxyl ions around the
fibre surface. Thirdly, the coated CS could have filled any surface flaws present, and in turn, blunt the
crack tips. Finally, shrinkage of the CS during drying could have created compressive stresses on the
fibre surface, which may have prevented crack initiation/propagation [47].
4.2. Interfacial Properties
As shown in Figure 2, IFSS between the PCL matrix and the PGF significantly increased (p < 0.001)
for PCP-3, which was suggested to be due to the formation of hydrogen bonds between the hydroxyl
groups present at the PGF surface and the amino and hydrogen groups in CS [18]. The phosphate
glass immersed in aqueous solution will generate O− groups at the glass surface due to the rapid
release of sodium ions, whilst the CS in low-pH aqueous solution could have generated NH3+ groups
(see Figure 9) [46]. Strong hydrogen bonds of 20–40 kcal/mol could be formed between the charged
donor and acceptor groups that are nearly as strong as covalent bonds [48]. Kohl et al. [49] reported
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that glass fibres with native surface hydroxyl groups could have strong hydrogen-bonding interactions
(high surface energy) with polar functional groups of the polymers in glass fibre-reinforced composites.
Figure 9. Schematic illustration of the protonation of amine groups in low-pH aqueous solution.
The protonation could have also enabled CS to possess pH-dependent electrostatic interactions
with the phosphate groups on the PGFs in a manner similar to amino silane [50]. Huang et al. [51]
added glycerol–phosphate to the CS–acetic acid solution and found that the interaction between the
NH3+ and P–OH groups was caused by electrostatic attraction. Chenite et al. [52] summarised that the
combination of CS and polyol–phosphate salts could have formed hydrogen bonding, electrostatic
interactions, and hydrophobic interactions in acetic acid solution. Amaral et al. [53] investigated the
phosphorylation of CS using XPS and assigned the signal at 401.4 eV in the N1s peak to the amino
groups in ammonium form. They proposed that the phosphate groups and the protonated amine
groups were likely to form salt linkages with inter- or intrachain ionic bonds.
Zhang et al. [16] reinforced a CS scaffold with P2O5–CaO invert glass and suggested that the
chemical attraction between CS and the glass may take place due to the high surface charge density of
CS. They inferred that not only that the physical incorporation of the glass powders into the CS matrix
occurred, but that the chemical complexation between CS and the glass may also occur due to the high
surface charge density of CS and its ability to form ionic complexes.
A further increase in IFSS was observed after the post-cleaning treatment, which was employed
to remove any excess CS coating on the fibre surface and consequently improved the load transmission
between the matrix and fibres (see Figure 2) [54]. However, no evidence of an increase in fibre
roughness was observed at the resolution of SEM microscopy after post-cleaning.
The IFSS value reduced from 8.72 to 8.34 MPa when the CS concentration was increased from
PCP-3 to PCP-6, whilst it reduced to 8.24 MPa when the CS concentration was increased to PCP-9.
This linear reduction may also relate to poorer load transmission from the matrix to the reinforcing
fibres caused by the thicker coating. As shown in Figure 2, the effect of CS concentration on the IFSS
was relatively small, but cumulative.
Bhattarai et al. [55] investigated CS–PCL polyblend nanofibres in comparison to PCL products.
They reported an enhancement in mechanical properties and cellular behaviour without the creation of
chemical crosslinking between the CS and the PCL. Copper et al. [15] also achieved better mechanical
properties and cellular compatibility from CS-PCL fibres compared to the PCL products alone.
Furthermore, the different profiles of Figures 1 and 2 reveal that the fibre strength increased,
but the IFSS decreased with increasing CS concentration. Therefore, an optimal solution can be
expected between PCP-3R and -3 to balance the mechanical and interfacial properties during the
application of the CS coupling agent.
4.3. SEM Analysis
As shown in Figure 3, the surface of the uncoated fibre (PCP-0) was smooth, while excess
attachment was observed on the surface of all the coated fibres (PCP-3R, -3, -6, and -9), which evidenced
the presence of a CS coating on the fibres. The difference between Figure 3b,c indicated removal of
excess coating by post-cleaning. In addition, no visible cracks or pits were observed on the surface of
all the fibres after dipping or post-cleaning treatments.
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The blistering and skinning indicated by white arrows in Figure 3f were observed at the fibre
surface after a prolonged exposure to the electron beam. This phenomenon was suggested to
be associated with the heating on the fibre surface caused by electronic scanning, indicating a
heat-sensitive coating layer on the fibre. This was interpreted as further evidence of a polymeric
CS layer on the fibres. Furthermore, the connection between two filaments presented in in Figure 3g
showed the potential of CS to act as a binder or film former as well as a coupling agent.
4.4. TGA
Zawadzki et al. [27] conducted TGA of CS from room temperature to 600 ◦C under a nitrogen
atmosphere, and suggested that the TGA behaviour of solid CS can be divided into three stages:
(1) the removal of water below 100 ◦C, in which the water was physically adsorbed and/or weakly
hydrogen-bonded to CS molecules; (2) the release of strongly hydrogen-bonded water starting above
100 ◦C and reaching the maximum rate at ~168 ◦C; and (3) the predominant weight loss by 43% at
230–400 ◦C caused by the depolymerisation of CS chains, the decomposition of pyranose rings via
dehydration and deamination, and finally, a ring-opening reaction. The quantities of weight loss
provided in Table 3 indicated the presence of a coating layer on the fibres. The thermal behaviours
traced in Figure 4 showed a good agreement with reference [27], further proving the coating layer to
be CS.
An increase in weight loss of CS was also shown in Table 3, indicating a thicker CS coating layer
with higher CS concentration, which was suggested to be due to the aggregation behaviour of CS
polymer chains. The rapid release of alkali (Na+) in the coating solution introduced negative charge at
the fibre surface, which attracted NH3+ groups of CS, further leading to an uneven charge distribution
of the CS chains caused by asymmetric electron dispersion. Then, the CS coating on the fibre
surface was increased by charge attraction and stabilised via intermolecular hydrogen-bonding [27].
Several articles [10,56] have reported that CS can form an entangled network in an acidic aqueous
medium by crosslinking with itself and that the crosslinking involves two structural units that may be
from the same or from different CS polymer chains.
In addition, the post-cleaning process may have disrupted the intermolecular hydrogen bonds
and consequently removed any excess CS, leaving only the firmly bonded CS on the fibre surface [25].
4.5. FTIR and Raman Analyses
As shown in Figure 5, the absorption bands at 3291 and 3358 cm–1 were assigned to the stretching
vibrations of O–H and N–H, respectively. The intensity of these two bands on CS–S was observed
to reduce as compared to CS–P, which was suggested to be due to the formation of intermolecular
hydrogen bonds in the excess CS coating [11]. The band of NH2 at 1589 cm–1 was replaced by a
new band of NH3+ at 1560 cm–1 on CS–S, suggesting the formation of hydrogen bonds to balance
the change of charges in the excess CS [27]. The bands at 561 and 1063 cm–1 could be identified as
crystallisation-sensitive bands of CS, and the changes of these bands in wavenumber and intensity
that occurred on CS–S implied that an intermolecular interaction between different polymer chains
disturbed the crystallisation of CS [34]. The absence of a characteristic band at ~1730 cm−1 on CS–S
implied that there was no residual COOH group on the fibres after coating application [57].
The band at 495 cm−1 shown in Figure 6a was assigned to the asymmetric bending vibration
of O–P–O in Q1 units, and a slight shift to a lower wavenumber occurred for the coated fibres,
which might be attributed to the interaction between the pyrophosphate units and the coating [28].
The bands at 754 and 894 cm−1 were assigned to the symmetric and asymmetric stretching of P–O–P
bridging bonds in Q2 units, respectively [30]. The latter band was observed to decrease in intensity
and shift to a lower wavenumber for the coated fibres, which was suggested to be due to the reduction
in Q2 units, indicating a depolymerisation of metaphosphate units in acid solution. The Raman spectra
in Figure 7a also showed a reduction in intensity of the band at 1097 cm−1 (the asymmetric stretching
vibration of (P2O7)4− in Q1 units [38]) and the shoulder at ~1250 cm−1 (the asymmetric stretching
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vibration of (PO3)− in Q2 units [39]) for the coated fibres, indicating a decrease in concentration of
pyro- and metaphosphate units.
As shown in Figure 6b, the replacement of the band of NH2 at 1589 cm–1 by the new bands
appearing at 1547, 1560, and 1552 cm–1 on PCP-3, -6, and -9, respectively, was attributed to the
protonation of the amine groups in CS [33]. Lawrie et al. [58] reported that partial protonation of
NH2 groups in CS could cause the appearance of a new band at ~1530 cm−1 due to one of the NH3+
vibrational modes. The difference of the band locations between the literature and this study might be
due to the interaction between the charged amine groups and the phosphate units. The Raman spectra
in Figure 7b,c show that the bands of the bending (1596 cm−1) and stretching (3305 cm−1) vibrations
of NH2 disappeared for the coated fibres, and this was attributed to the protonation of amine groups,
which correlated well with the IR results [41].
Bhumkar et al. [59] investigated the crosslinking of CS with sodium tripolyphosphate in acidic
aqueous solution via FTIR. They reported that in the IR spectra of crosslinked CS, the band at 1655 cm–1
disappeared and two new bands appeared at 1554 and 1645 cm–1, due to the linkage between the
phosphoric and ammonium ions. Therefore, the appearance of the bands at ~1547 and ~1635 cm−1
and the intensity reduction of the band at 1648 cm−1 for the coated fibres suggested interaction of
the NH3+ groups with the fibre surface (see Figure 6b). Moreover, it was also suggested that the
formation of hydrogen bonding contributed to the interaction between the charged CS and PGFs.
Sayyar et al. [60] characterised graphene-filled CS composites using FTIR. They found that the bands
corresponding to the N–H bending of the amino group (1573 cm−1), C=O stretching of the amide
group (1658 cm−1), and N–H stretching of the amino group (3464 cm−1) in CS shifted to a lower
wavenumber in composite films, indicating likely hydrogen-bonding interactions between CS and
lactic acid and reduced graphene oxide.
4.6. XPS Analysis
The C1s peaks of CS shown in Figure 8a have a good agreement with the literature [61]. The peak
at 284.5 eV was assigned to C–C or C–NH2; 286.0 eV was assigned to C–O, C–OH, or C–NHC=O;
and 287.6 eV was assigned to O–C–O or C=O–NHR chemical bonds. The detection of these signals for
the coated fibres indicated the presence of CS on the fibre surface. The minor difference between the
spectra of the CS powder and the coated fibres was suggested to be due to contamination carbon on
the fibres.
The N1s peak of CS could be resolved into two peaks at 399.1 and 400.7 eV, assigned to the nitrogen
of the amino and amide groups, respectively [62]. The atom % of the amino peak was 95%, agreeing well
with the degree of deacetylation (DD > 80%) quoted by the supplier. As shown in Figure 8b, the peak
of NH2 was also found for the coated fibres, whilst a new peak of NH3+ appeared at 401.3 ± 0.1 eV
binding energy, indicating the partial protonation of the amino groups [62]. Lawrie et al. [58] performed
XPS on CS powders from Sigma with a reported 85% degree of deacetylation. They identified the N1s
peak as one main signal at 399.4 eV with another weaker signal at 400.5 eV, corresponding to the amino
and amide, respectively. They subsequently characterised the acid-treated CS film and detected one
more signal at 401.4 eV, attributing to the protonated amine.
As shown in Table 5, the atomic percentage of the NH3+ in PCP-3 increased from 40% to 65% after
the post-cleaning, supporting the assertion that the post-cleaning process removed excess unreacted
CS adsorbed to fibre surface by weak hydrogen bonds. In contrast, the atom % decreased to 17% in
PCP-6 with increasing CS concentration, indicating an increasing layer of excess CS. The atomic % was
observed to remain constant in PCP-9 as compared to PCP-6, indicating that there was a threshold of
concentration of CS interacting with the PGF surface. The changes in the atomic % of NH3+ were also
observed to be consistent with the IFSS profile shown in Figure 2, which revealed the efficiency of the
CS coating.
The O1s spectrum of CS was resolved into one main peak at 532.3 eV and two weak peaks at 530.9
and 533.7 eV. The peak at 532.3 eV was assigned to C–O–C, O–H, or bound water and the two weak
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peaks were assigned to C=O in the amide group and O–C–O in the pyranose ring, respectively [61].
The O1s spectrum of PGF was deconvoluted into two peaks at 530.6 and 531.8 eV binding energy,
corresponding to the nonbridging and bridging phosphate oxygens, respectively [25]. Although it was
difficult to differentiate the subpeaks from the overlapped binding energy range, the signal of CS was
seen to dominate the overlapping peak gradually from PCP-3R to PCP-9, which indicated the increase
in CS on the fibres, fitting well with the TGA results.
The P2p peak of PGF was composed of the P2p3/2/P2p1/2 doublet, and was fitted with an energy
difference of 1.1 eV and an approximate atomic ratio of 2:1. The peak of P2p3/2 at 133.3 eV was
attributed to the pentavalent tetracoordinated phosphorus (pyrophosphate and orthophosphate)
surrounded by a different chemical environment (phosphate-like structure), and the peak of P2p1/2
at 134.4 eV was attributed to the metaphosphate [63]. The peaks at similar binding energy were also
observed for the coated fibres.
In summary: (1) The presence of CS coating on the fibre surface was confirmed via TGA, FTIR,
Raman, and XPS analyses. (2) SEM and TGA indicated the formation of a thicker CS coating layer
when using the solution of higher CS concentration. (3) The results of tensile tests indicated that the CS
coating protected the fibres from losing strength in the acid solution. (4) The results from single-fibre
fragmentation tests indicated that CS coupling agents improved the IFSS of the composites, due to the
interaction between the protonated amine groups of CS and the hydrogen groups in the fibre surface,
as correlated via the analyses of FTIR, Raman, and XPS.
5. Conclusions
CS showed its potential to improve the interface of PGF/PCL composites, in which the protonation
of amine groups plays a central role in the interaction between CS and PGF. The nitrogen spectrum
of XPS revealed a threshold of efficient CS coating for interfacial improvement. The post-cleaning
process could remove the excess CS on the fibre surface and consequently increase the efficiency of the
coupling agent.
The coated CS layer showed a significant effect on the fibre surface protection, resulting in a
maintenance of mechanical strength after dipping in the acetic acid solution. In addition, TGA and
SEM indicated an increase in coating thickness with higher CS concentration in the coating solution.
However, a thicker CS layer could also have led to poorer load transmission between the fibre and
matrix. Therefore, a balance of the mechanical and interfacial properties would be considered during
the application of CS as a coupling agent. This balance is suggested to be achieved by adjusting the CS
concentration and the post-cleaning duration.
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Abstract: Compatible interlayers must be coated on reinforcing fibers to ensure effective stress transfer
from the polymer matrix to the fiber in high-performance polymer composites. The mechanical
properties of the interlayer, and its interfacial adhesion on both interfaces with the fiber and polymer
matrix are among the key parameters that control the performance of polymer composite through the
interphase region. Plasma-synthesized interlayers, in the form of variable materials from polymer-like
to glass-like films with a Young’s modulus of 10–52 GPa, were deposited on unsized glass fibers used
as reinforcements in glass fiber/polyester composites. Modulus Mapping (dynamic nanoindentation
testing) was successfully used to examine the mechanical properties across the interphase region
on cross-sections of the model composite in order to distinguish the fiber, the interlayer, and the
modified and bulk polymer matrix. The interfacial shear strength for plasma-coated fibers in glass
fiber/polyester composites, determined from the microindentation test, was up to 36% higher than
those of commercially sized fibers. The effects of fiber pretreatment, single and double interlayers,
and post-treatment of the interlayer on interfacial shear strength were also discussed. Functional
interlayers with high shear yield strength and controlled physicochemical properties are promising
for high-performance polymer composites with a controlled interphase.
Keywords: glass fiber; polymer-matrix composites; interface/interphase; nanoindentation;
mechanical properties; microindentation test
1. Introduction
Fiber-reinforced polymer composites are significant materials for transportation,
building/construction, electrical/electronic applications, and consumer goods mainly because of
their low density and high specific strength. The performance of the polymer composite is controlled
by the properties of the fiber reinforcement, the polymer matrix, and the interphase [1], which is
the region of material between the fiber and the polymer matrix responsible for the effective stress
transfer from the matrix to the fiber. The composite interphase comprises a functional interlayer,
and eventually, a modified matrix region. The functional interlayer is a material in the form of thin
film that is deposited on the fiber surface to improve compatibility and create a strong but tenacious
link between both components. The modified matrix is the part of the polymer matrix affected by the
presence of the coated fiber. It is the interphase that is very important for the resultant performance of
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the composite material. Even reinforcing fibers with high modulus or high strength and polymers with
high thermal or chemical resistance result in inefficient composites in the case of a poor interphase.
The interphase is built in polymer composites using functional interlayers through fiber sizing, coating,
or grafting in a wet chemical process or through chemical vapor deposition [2].
Investigating interphase properties is very important for understanding its functionality
and the possibility of its optimization for a specific composite system, i.e., the fiber and the
polymer matrix. The reinforcement and the polymer matrix are mostly very different materials
in terms of their mechanical, electrical, and chemical properties. The interphase can, therefore, be
identified between the two composite phases based on differences in material structure, Young’s
modulus, hardness, coefficient of friction, dielectric permittivity, elemental composition, or chemical
structure. The cross-section of the polymer composite was investigated using microscopic infrared
spectroscopy [3]; however, the interphase region is tiny since the interphase thickness is generally
less than several microns, and nanoscale imaging techniques are necessary to ensure sufficient
lateral resolution. Transmission electron microscopy (TEM) has sufficient lateral resolution to
distinguish the interphase region based on differences in the atomic mass of the elements, and even
the element composition profile across the composite phases can be determined using electron energy
loss spectroscopy (EELS) [4,5]. The results show some limitations depending on the technique
used to fabricate a sample for TEM imaging, such as focus ion beam (FIB), ion beam etching,
and ultramicrotomy [6].
Another principal technique suitable for interphase characterization is atomic force microscopy
(AFM), which is used in different modes. Standard AFM tips with a radius of less than 10 nm
provide sufficient lateral resolution. Electrostatic force microscopy (EFM) is one of the modes used
to measure electrostatic interactions between the AFM tip and the composite phases made from
dielectric materials. The interaction is sensitive to charge distribution or local differences in dielectric
permittivity of composite phases [7]. During scanning in phase-imaging AFM mode, the oscillating
tip is influenced by contact with composite components of different viscoelastic properties, resulting
in a phase shift of the tip against the applied oscillating force. The interphase area can be identified
due to changes in phase distribution over the sample surface [8,9]. Similarly, lateral force microscopy
using AFM contact mode can be used to characterize the distribution of lateral forces on the sample
surface to distinguish the interphase area due to a different coefficient of friction [9]. In this mode,
the constant force-feedback on the sample adjusts the height of the AFM cantilever to compensate for
the topographic features of the surface, and the torsion of the cantilever bearing the tip characterizes
lateral forces as a result of surface friction. In the intermodulation AFM, the cantilever is simultaneously
excited by two frequencies near the resonance, and the cantilever response at a new frequency contains
information on the surface mechanical properties of the composite sample [10]. Atomic force acoustic
microscopy (AFAM) is a combination of ultrasonics with AFM, where the composite sample is excited
with ultrasonic frequency by means of a piezoelectric transducer that causes vibrations of the sample
surface, and the vibration behavior of the AFM cantilever in contact with the surface of the sample
is sensitive to its local elastic properties [9,11]. All of the aforementioned AFM modes have some
limitations in order to sufficiently differentiate the interphase region.
The difference between the mechanical properties of composite constituents is sufficient to
potentially distinguish the interphase region. Nanoindentation techniques [12,13] are, therefore, ideal
for characterizing the distribution of mechanical properties across the fiber/matrix interface in terms
of Young’s modulus and hardness. Quantitative nanomechanical measurements are possible, starting
with forces ≤1 μN, but the lateral resolution is not as high as in AFM measurements due to a higher
radius of commercially available diamond indenters with a radius of 50 nm (Berkovich) or 40 nm
(cube corner). However, nanoindentation together with nanoscratch measurements is influenced by
fiber constraint [8], because the indenter induces stress near the fiber surface, and the critical distance is
approximately twenty times the indentation depth [14,15]. Dynamic nanoindentation may be operated
as a Modulus Mapping mode that appears to be more suitable for observing the cross-section of the
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composite sample using detailed maps of the complex modulus, the storage, and the loss modulus, just
a few nanometers below the sample surface, thereby avoiding the fiber constraint [9,16]. This technique
is carried out by superimposing a small sinusoidal force on a greater but constant force during the
indentation test.
Recently, force mapping spectroscopy (nanomechanical mapping) [17–21] was applied in order
to characterize the interphase region in polymer composites and nanocomposites. In this AFM
mode, a force–distance curve is recorded in each pixel of the map, and a linear portion of this
curve corresponding to an elastic regime is used to determine the Young’s modulus using the
Derjaguin–Muller–Toporov (DMT) model. However, the determined values of Young’s modulus
are not realistic for the range of moduli from the polymer matrix to the reinforcement, and they
are strongly affected by the surface topography of the composite sample. It was found that surface
formations (grains), with a radius similar or larger than that of the AFM tip or diamond indenter, have
a critical influence on probe (AFM or nanoindentation) measurements used to characterize mechanical
properties based on the geometry of contact between the tip and the sample [22].
Plasma-enhanced chemical vapor deposition (PECVD) is a technique for depositing thin films
with controlled mechanical properties [23], which are intended to be used as functional interlayers for
glass fiber/polyester composites in order to improve their interfacial shear strength (IFSS). This study
is focused on examining the mechanical properties of such interlayers in model composites using
Modulus Mapping based on our previous experience [9]. Selected interlayers with controlled
mechanical and chemical properties were tested to determine how they affect the IFSS in glass
fiber/polyester composites determined by the microindentation test [24]. Also, the effects of
pretreatment, plasma coating (thin-film deposition), and post-treatment of glass fibers (GF) on
determined IFSS were firstly discussed.
2. Materials and Methods
2.1. Thin-Film Deposition
A plasma reactor [25] equipped with a radio-frequency (RF; 13.56 MHz) capacitive coupling
system using asymmetric plan-parallel plate electrodes was employed to deposit thin films on silicon
wafers (polished on both sides (1 0 0) with an overlayer of native SiO2 (3 nm), infrared (IR), transparent,
0.8 × 10 × 10 mm3; ON Semiconductor, Roznov pod Radhostem, Czech Republic) and single GFs
(unsized (bare) E-glass, 1200 tex, mean diameter 19 μm; Saint-Gobain Adfors, Litomysl Czech Republic).
Fifteen GFs separated from the GF bundle were placed parallel to each other on silicon wafers
and fixed with adhesive carbon tape suitable for vacuum applications. Hydrogenated amorphous
carbon-silicon (a-CSi:H) films were deposited from pure tetravinylsilane (TVS; Si–(CH=CH2)4 purity
97%, Sigma Aldrich, Prague, Czech Republic) precursor, and hydrogenated amorphous carbon-silicon
oxide (a-CSiO:H) films were deposited from TVS in a mixture with oxygen gas (TVS/O2 mixture)
using PECVD. Firstly, the silicon wafer (alone or with single GFs) was loaded into the RF bottom
electrode, and the plasma reactor was evacuated to a basic pressure of 1 × 10−5 Pa. Then, the silicon
wafer was pretreated with argon (Ar) plasma (10.0 sccm, 5.7 Pa, continuous wave 5.0 W) for 10 min
to remove adsorbed gases and to ensure the reproducible adhesion of deposited films. The a-CSi:H
or a-CSiO:H films were deposited using pulsed plasma at a mass flow rate of 3.8 sccm, a pressure
of 2.7 Pa, and an effective power of 2.0–10 W. The effective power, Weff, was set by changing the
ratio of the time the plasma is switched on, ton, to the period, T, defined as T = ton + toff, and thus,
Weff = ton/T × Wtotal, where toff is the time the plasma is switched off and Wtotal is the total RF power.
An oxygen fraction of 0.92 was used for the TVS/O2 mixture as the mass flow rates for TVS and
O2 gas were 0.30 sccm and 3.5 sccm, respectively. A movable shutter was used to deposit the films
in steady-state plasma conditions monitored by mass spectrometry (Process Gas Analyser HPR-30,
Hiden Analytical, Warrington, UK). When the deposition process was completed, the plasma reactor
was flushed with Ar gas (10.0 sccm, 5.7 Pa) to remove residual gases for 60 min, and the reactor was
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then evacuated to a basic pressure of 1 × 10−5 Pa. The deposited sample was moved to the load-lock
chamber after 12 h, and the chamber was then flooded with air to atmospheric pressure [25].
Another plasma reactor [26], an RF helical coupling system operated in a pulsed regime, was used
to deposit (PECVD) thin films on special glass slides without flaws (1.0 × 26 × 76 mm3; Knittel Glaser,
Braunschweig, Germany), silicon wafers, and GF bundles specified above. This cylindrical discharge is
axially symmetrical, and therefore, more suitable for film deposition on the GF bundle mounted in the
discharge axis. This plasma reactor was first evacuated to a basic pressure of 5 × 10−4 Pa. The planar
substrate or GF bundle was pretreated with O2 plasma (5.0 sccm, 4.0 Pa, 25 W) for 60 min to desorb
gases and remove hydrocarbons from the substrate surface (planar or fibrous). The oxygen fraction
X = O2/(TVS + O2) in the gas mixture was varied from 0–0.46 (0, 0.10, 0.21, 0.33, and 0.46) at a total
flow rate (TVS + O2) of 0.80 sccm, and the corresponding pressure was 1.4 Pa. To deposit all films,
an effective power of 5.0 W (time-on pulse, period, and total power were 1 ms, 10 ms, and 50 W,
respectively) was used. Finally, after film deposition, the apparatus was flushed with Ar gas (10.0 sccm,
10 Pa). After 60 min, the reactor was evacuated to a basic pressure, and, after 12 h, was flooded with
air at atmospheric pressure.
2.2. Thin-Film Analysis
The thickness of the films deposited on the silicon wafers was determined using
a phase-modulated spectroscopic ellipsometer, UVISEL (HORIBA Scientific, Longjumeau, France),
at a wavelength of 250–830 nm in a 2-nm step; the angle of incidence was 70◦ and the spot size was
100 × 300 μm2. The average deposition rate was given by the ratio of film thickness to deposition time.
The thickness of the film deposited on planar or fibrous substrate was controlled by the deposition
time at a constant deposition rate.
Infrared measurements in the 500–4000 cm−1 wavenumber range were made using a VERTEX
80 vacuum Fourier-transform infrared (FTIR) spectrometer (Bruker Optics, Billerica, MA, USA).
Transmission spectra were obtained on films deposited on infrared-transparent silicon wafers.
To remove the spectral properties of the silicon wafer, an absorption-subtraction technique was used,
and background correction was carried out before each measurement. The spectral resolution was
4 cm−1, and 256 scans were recorded in order to achieve a reasonable signal-to-noise ratio. The bulk
chemical composition of the thin films was investigated using conventional and resonant Rutherford
backscattering spectrometry (RBS) and elastic recoil detection analysis (ERDA) methods on a Tandetron
4130MC accelerator (High Voltage Engineering Europa B.V., Amersfoort, The Netherlands (HVEE))
using 2.73-MeV alpha particles.
The Young’s modulus of the films deposited on the silicon wafers was determined with
the Oliver–Pharr method [27] from nanoindentation measurements using a two-dimensional (2D)
TriboScope (Hysitron, Eden Prairie, MN, USA) attached to an NTegra Prima Scanning Probe Microscope
(NT-MDT), Zelenograd, Russia. A Berkovich tip with a radius of curvature of 50 nm was used.
The experiment was performed in cyclic mode to obtain the depth profile of Young’s modulus to 15–20%
of the film thickness, applying 19 loading and partial unloading cycles in a single indentation, while the
unloading fraction was kept constant at 0.8, and the loading was increased using a displacement
exponent of 2 (exponential function) [28]. The experimental depth profile was extrapolated to the
zero-contact depth (film surface) to estimate the correct Young’s modulus of the film not influenced by
the substrate properties [29].
2.3. Sample Preparation and Modulus Mapping
After thin-film deposition, 15 GFs fixed with adhesive carbon tape were transferred from the
silicon wafer into a silicon rubber mold, which was filled with unsaturated polyester resin (isophthalic)
Viapal HP 349 F (Sirca S. p. A., Sandono di Massanzago, Italy), and cured at 140 ◦C to form a polymer
block, 5 × 13 × 25 mm3 with unidirectional fibers. This block was inserted into the metallographic
64
Fibers 2018, 6, 58
sample holder with GFs placed normally to the sample surface, and the surface was polished using
conventional metallographic techniques.
The mechanical properties of the interphase region around a single GF in the polyester matrix
were characterized using a Hysitron TI 950 TriboIndenter nanomechanical test instrument (Hysitron,
Eden Prairie, MN, USA) with a nanoDMA III (Dynamic Mechanical Analysis) package. The Modulus
Mapping mode combines the in situ scanning probe microscopy (SPM) imaging capability of Hysitron’s
nanomechanical testing instruments with the ability to perform nanoDMA III tests. During the test,
the indenter is scanned over the surface to image the topography of the sample. During scanning,
the probe is oscillated with the specified frequency and amplitude of the load. The resulting signal
from the transducer is then analyzed to determine the displacement amplitude and phase delay of the
oscillation at each pixel in the image [9]. The software plots these measurements in separate image
files, and after scanning is complete, the images can be analyzed to determine the storage, E’, and loss,















where ks and Cs are the stiffness and damping of the specimen determined from the displacement
amplitude and phase difference between the force and the displacement, A is the projected contact
area, and ω is the frequency used [27,30]. A cube diamond indenter (NorthStar, Hysitron, Eden Prairie,
MN, USA) with a radius of curvature of 40 nm was used for Modulus Mapping. The amplitude of
a dynamic force of 5 μN at an oscillation frequency of 220 Hz was superimposed to a normal contact
force of 15 μN in order to maintain the dynamic displacement amplitude at 4 nm when scanning the
sample surface in an in situ SPM mode. The radius of the tip was carefully calibrated using Modulus
Mapping in standard silica at the above conditions, and with the same displacement as in the test
specimen. The map resolution in the 3 × 3 μm2 scan area was 256 × 256 pixels.
2.4. Composite Fabrication and Microindentation Test
After the GF bundle was surface-modified in an RF helical coupling system, the bundle was
impregnated with unsaturated polyester resin and then axially placed in a silicon rubber mold that
was filled with resin, before being cured at 140 ◦C to form a polymer disc of 14 mm in diameter and
5 mm in height [31]. Similar to the resin block with unidirectional fibers, the disc was embedded in
a metallographic specimen and polished using conventional metallographic techniques.
The polished cross-section of the composite, with the fibers normal to the surface of the sample
3 mm high, was used to characterize the interfacial adhesion of GF in the polyester matrix using
the microindentation test [24]. Using an Interfacial Testing System (ITS) (Dow Chemical Company,
Midland, MI, USA) [32], a diamond tip with a diameter of 12 μm was applied to push the single
fiber from its surrounding polyester resin. The tested fiber was indented at increased normal loading
until failure of adhesion. The de-bonding of the fiber is visible as a dark shadow around the fiber.
When the shadow appears around the fiber at an angle of between 90◦ and 120◦, the fiber is considered
to be de-bonded [32]. The IFSS was determined from the de-bond load, P, using a generalized
empirical equation,















where D is the fiber diameter, Gm and Ef are the matrix shear modulus and fiber axial
modulus, respectively, d is the matrix thickness between the tested fiber and its nearest neighbor,
and A = 1.249 × 104, B = 0.8757, C = 0.01863, and E = 0.02,650. A matrix shear modulus of 1.5 GPa and
a fiber axial modulus of 73 GPa correspond to the polyester resin used and the GF, respectively [32].
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3. Results
3.1. Mapping of Storage Modulus across the Interphase Region
Two polymer blocks, 5 × 13 × 25 mm3, each with 15 unidirectional fibers (mean diameter 19 μm)
embedded in polyester resin, were fabricated using unsized and commercially sized GFs to examine the
interphase region with Modulus Mapping. The commercial sizing based on silane coupling agents was
designated by the GF manufacturer for GF/polyester composites. After polishing, the metallographic
specimen with GFs placed normally to the surface was scanned in a 3 × 3 μm2 area using a cube
corner indenter with a radius of 40 nm. The storage modulus across the fiber/polymer interface for the
unsized GF is shown in Figure 1a. A three-dimensional (3D) image with a storage modulus in a color
scale, which is used for better orientation, shows the black area corresponding to the polymer matrix
and a part of the fiber with a sharply raised modulus at the fiber/polymer interface. The 2D projection
of the storage modulus is visible at the top of Figure 1a. A similar image of the storage modulus was
obtained for the commercially sized GF (Figure 1b). The detailed profile of the storage modulus close
to the fiber/polymer interface (Figure 1c) enabled the finding of characteristic differences. The red
line for the unsized GF rises in the immediate vicinity of the fiber surface, and the 0.07-μm-thick
area on which the modulus was changed corresponds to the fiber constraint area rather than the
interphase region. However, the blue line corresponding to the commercially sized GF indicates the
wider area of the modulus change that can be assigned to the interphase region with a thickness of
0.5 μm. The interphase region around the commercially sized GF was non-regular, and the thickness
varied from 0.1 (GF without sizing) to 0.5 μm. The storage modulus for the polyester resin outside
the interphase region was approximately 6 GPa, as shown in Figure 1c, which appears to be a little
overvalued because a Young’s modulus of 4 GPa was evaluated from the quasi-static tensile test of
the polyester resin. An increased storage modulus was found in the subsurface layer up to a depth of
40 nm of metallographic specimen, probably due to resin polishing.
Figure 1. Storage modulus mapping of the interphase region in model glass fiber (GF)/polyester
composites for (a) unsized GF, (b) sized GF, and (c) a detailed profile close to the fiber/polymer interface.
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The polymer-like a-CSi:H film was deposited (68.7 nm/min) on single GFs and silicon wafers at
an effective power of 2.0 W (time-on pulse, period, and total power were 1 ms, 5 ms, and 10 W, respectively)
from a pure TVS precursor using the plasma reactor with plan-parallel electrodes. The film thickness
was 895 nm, which was determined from the ellipsometric spectrum of the film on the silicon wafer,
and we expect that approximately the same thickness of the film was deposited on the GFs. A Young’s
modulus of 10.0 ± 0.5 GPa was evaluated for the film on the silicon wafer using cyclic nanoindentation
measurements. RBS/ERDA spectra of a-CSi:H film allowed determining the chemical composition and
calculating the element ratios to the silicon concentration, resulting in a stoichiometric formula a-C5.6Si:H5.0.
The high concentration of hydrogen (43 atom%) that is bonded to silicon and carbon atoms is responsible
for the relatively low cross-linking of the mainly carbon network in the a-CSi:H film, resulting in the low
Young’s modulus that corresponds to a polymer-like material. GFs coated with this interlayer (a-C5.6Si:H5.0
film) were inserted in polyester resin to fabricate a model composite, whose cross-section was analyzed
with Modulus Mapping to distinguish the interlayer between the fiber and the polymer matrix, and to
characterize its mechanical properties. The storage modulus in a color scale across the interphase region
in a model GF/polyester composite is shown in Figure 2a. The lateral resolution of this map is 11.7 nm.
The scan area of 3 × 3 μm2 shows the white area with a modulus above 62 GPa corresponding to GF
surrounded by a ring with a modulus similar to the polymer matrix (black area on the left) with a blue
contour. Profiles of the storage modulus (red line) and surface topography (blue line), corresponding to
the GF with the polymer-like interlayer, are plotted in Figure 2b. Interpretation of mechanical properties
is not easy due to the surface topography of the composite sample marked with a blue dashed line.
Generally, the indentation measurement analysis is based on the assumption that the process is initiated
by penetrating the indenter into a flat surface. The influence of surface roughness on nanoindentation
measurements was interpreted using model simulations [22]. The polymer composite is a hybrid material,
and its polished surface exhibits roughness in the interphase region due to the different mechanical
properties of the composite phases. Based on the thickness of the interlayer, its position is expected at
the GF surface, indicated by the yellow area in Figure 2b. At the interface between the interlayer and the
polymer matrix, there is an elevated modulus, but it is an artefact due to the side contact of the indenter
with the rough surface of the composite sample. In this case, the measured contact stiffness is higher
than that corresponding to the flat surface, and the projected contact area is underestimated, resulting
in an overestimated storage modulus. The slope of the surface across the interlayer provides a slightly
underestimated modulus, corresponding to model simulations [22], but part of the interlayer close to the
interlayer/fiber interface corresponds to the correct value of the storage modulus of 10 GPa. The surface
roughness of the interphase region complicates the differentiation between the polymer-like interlayer and
the polymer matrix with similar mechanical properties.
Figure 2. Modulus Mapping (scan area 3 × 3 μm2) across the interphase region with a polymer-like
(hydrogenated amorphous carbon-silicon (a-C5.6Si:H5.0)) interlayer in a model GF/polyester composite:
(a) map of the storage modulus, (b) storage modulus and topography profiles.
67
Fibers 2018, 6, 58
An interlayer with a higher Young’s modulus of 16.3 ± 0.8 GPa was deposited (9.7 nm/min) on
single GFs at an effective power of 2.0 W (1 ms, 5 ms, and 10 W) from TVS in a mixture with oxygen
gas with a 0.92 oxygen fraction. Oxygen atoms (34 atom%) were incorporated into the thin film, but
carbon (29 atom%) and hydrogen (24 atom%) concentrations were reduced in the a-C2.2SiO2.6:H1.8
film with a thickness of 966 nm, unlike the polymer-like a-C5.6Si:H5.0 film. Cross-linking of the
carbon-silicon oxide network is still relatively low due to Si–H, Si–OH, C–H, C–OH, and C=O bonding
species. The results of Modulus Mapping across the interphase region in a model GF/polyester
composite with a-C2.2SiO2.6:H1.8 interlayer are plotted in Figure 3. The map of the storage modulus in
Figure 3a provides easy orientation in specific composite phases; the red/white area corresponds to
a fiber, surrounded by a blue belt, indicating an interlayer with a higher modulus than the polymer
matrix that is marked with a black area. The surface topography across the interlayer, marked by the
yellow area, was flat, and was, therefore, favorable for determining the correct value of the storage
modulus (Figure 3b). The storage modulus of the interlayer slightly increased from the interface
between the interlayer and the polymer matrix to the interlayer/fiber interface, but the mean value
was 16 GPa. A small portion of the interphase region with a thickness of 0.1–0.2 μm between the
interlayer and the polymer matrix had a slightly elevated modulus, and could, therefore, correspond
to the modified matrix.
Figure 3. Modulus Mapping (scan area 3 × 3 μm2) across the interphase region with the
a-C2.2SiO2.6:H1.8 interlayer in a model GF/polyester composite: (a) map of the storage modulus,
(b) storage modulus and topography profiles.
Another interlayer in the form of a silicon oxide film with a carbon concentration of 16 atom%
was deposited (7.5 nm/min) at 4.5 W (1 ms, 11 ms, and 50 W) from TVS in a mixture with oxygen gas
with a 0.92 oxygen fraction. The a-C0.7SiO2.1:H0.8 interlayer with a thickness of 1109 nm was more
cross-linked, with a Young’s modulus of 29.6 ± 1.5 GPa. Modulus Mapping in Figure 4a distinguished
the fiber (white area) from the interlayer (purple area) and the polymer matrix (black area). A part
of the blue belt with a thickness of 0.3 to 0.4 μm between the interlayer and the polymer matrix may
represent a modified matrix region characterized by a gradually increasing modulus. The beginning of
the step in the surface topography between the modified and the bulk matrix was responsible for the
elevated modulus, which is an artefact caused by a specific surface topography, and can be seen as
a purple contour in the blue belt (Figure 4b). In this case, the mechanical properties of the interlayer
were sufficiently high to avoid any surface roughness between the fiber and the interlayer. This means
that the surface topography was flat for the interlayer, delineated with the yellow area, and the storage
modulus of the interlayer increased from 21 to 31 GPa at the interlayer/fiber interface at a mean value
of 26 GPa.
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Figure 4. Modulus Mapping (scan area 3 × 3 μm2) across the interphase region with a hydrogenated
amorphous carbon-silicon oxide (a-C0.7SiO2.1:H0.8) interlayer in a model GF/polyester composite:
(a) map of storage modulus, (b) storage modulus and topography profiles.
An SiO2-like interlayer with a small concentration of carbon (3 atom%) and hydrogen (11 atom%)
was deposited (5.5 nm/min) at 10 W (1 ms, 5 ms, and 50 W) from TVS in a mixture with oxygen gas
with a 0.92 oxygen fraction. The a-C0.1SiO1.9:H0.4 interlayer with a thickness of 950 nm was highly
cross-linked resulting in a Young’s modulus of 51.7 ± 3.3 GPa. Figure 5a shows a map of the storage
modulus corresponding to the fiber (white area), interlayer (red area), modified matrix (blue area),
and the bulk matrix (black area). The same deposition time resulted in consistent film thickness for films
deposited on planar and fibrous substrates. The thickness of the modified matrix was increased for the
SiO2-like interlayer, and varied from 0.5 to 0.7 μm. The mean value of the storage modulus for the flat
surface of the interlayer was 52 GPa (Figure 5b), as expected from cyclic nanoindentation. The storage
modulus across the interlayer varied like across the GF surface. This means that the interlayer material
was as brittle as the glass, and the composite surface was specifically modified (slightly scratched) with
50-nm alumina nanoparticles, which were used to polish composite samples. The root-mean-square
(RMS) roughness of the composite surface was 30 nm for a scan area of 100 × 100 μm2 measured by
AFM. The varying modulus was caused by surface topography. Nanoindentation measurements of
the material with a higher modulus are more sensitive to surface roughness [22]. The wide region of
the modified matrix with the elevated modulus between the interlayer and the bulk matrix is evident
for the SiO2-like interlayer in Figure 5b. We can assume that the modified matrix region was created as
a result of a chemical bonding at the interface between the interlayer and the polymer matrix, unlike the
unsized GF (Figure 1c). The polymer network was firmly anchored onto the surface of the interlayer,
which increased the rigidity of the polymer network. The interlayer/polymer matrix interface was
sharp, and no interpenetrating network between the interlayer and the polymer matrix can be expected,
unlike commercially sized GFs that are surface-modified by silane coupling agents [33]. Analysis
of the depth profile for the interlayers and GFs revealed that the subsurface layer, up to a depth of
5–10 nm, showed an increase in the storage modulus due to the mechanical modification of the material
during the polishing procedure. Therefore, the storage modulus in the maps may be overestimated
by up to 10% for the SiO2-like interlayer and GFs, as the average displacement of the indenter was
approximately 5 nm, but it cannot affect the polymer-like interlayer with an average displacement
of 15 nm. The differences in storage modulus among the composite phases were significantly higher
compared to the differences in loss modulus, and were, therefore, more appropriate for the distinction
of the specific phase.
69
Fibers 2018, 6, 58
Figure 5. Modulus Mapping (scan area 3 × 3 μm2) across the interphase region with the SiO2-like
(a-C0.1SiO1.9:H0.4) interlayer in a model GF/polyester composite: (a) map of storage modulus,
(b) storage modulus and topography profiles.
3.2. Selected Interlayers for GF/Polyester Composite
As shown in Section 3.1, a wide range of materials from polymer-like to SiO2-like films
with a Young’s modulus of 10 to 52 GPa can be used as interlayers for GF/polyester composites.
The chemical and physical compatibility of the interlayer and the polymer matrix was increased for the
polymer-like interlayers with the lower (≤16 GPa) Young’s modulus as the thickness of the modified
matrix region was decreased. Model simulations (finite element analysis) enabled calculating the
interfacial stress fields in a GF/polyester composite during the microindentation test. The simulation
showed that inserting a suitable interlayer between the fiber and the polymer matrix resulted in
a significant reduction in shear stress across the interphase region when the polymer composite was
under mechanical or thermal loading. If the indenter pushed the individual fiber into the polyester
resin during the microindentation test, the interfacial shear stress at the interlayer/fiber interface
increased with the raised Young’s modulus of the interlayer [34]. The interfacial shear stress as
a function of the indenter displacement for the interlayer Young’s modulus in the range of 1 to 40 GPa
is shown in Figure 6a. As can be seen from Figure 6a, the use of the interlayer with the higher
modulus means that the interlayer/fiber interface must be stronger in order to avoid interphase shear
failure. Also, the shear yield strength of the interlayer must be higher than the applied shear stress.
Thermosetting or thermoplastic coatings are poor in shear [35], and are, therefore, unsuitable for
use as functional interlayers in high-performance fiber-reinforced polymer composites. However,
the plasma coatings deposited (PECVD) from organosilicon precursors have a sufficiently high shear
yield strength at a relatively low Young’s modulus [25], as opposed to thermosetting or thermoplastic
coatings (see the schematic comparison in Figure 6b). Therefore, the plasma coatings may be more
suitable as functional interlayers.
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Figure 6. Model simulations: (a) shear stress at interlayer/fiber interface as a function of indenter
displacement for interlayers with different Young’s moduli during the microindentation test,
(b) schematic correlation between shear yield strength and Young’s modulus for plasma coatings [25]
and thermosetting or thermoplastic coatings.
In our previous work, an oxygen-free TVS was successfully used for plasma coating of GFs in
the RF helical coupling system to enhance the interfacial adhesion in GF/polyester composites [36].
In that case, the Young’s modulus of the interlayer was increased from 9.4 to 23 GPa, reducing
the vinyl concentration with an enhanced power of 0.1–5.0 W, but the adhesion of the interlayer to
the GF did not significantly improve. In another study, therefore, a mixture of TVS precursor in
gaseous oxygen was used to deposit plasma coatings onto GFs. Incorporating oxygen atoms into
plasma coatings can increase interfacial adhesion, not only on the GF surface, but also at the interface
with the polyester matrix due to better wettability and higher density of interfacial bonds. Indeed,
the IFSS for oxidized plasma coatings was up to 21% higher than that for the non-oxidized interlayer,
indicating the direct chemical effect of oxygen atoms on the interphase properties [34]. A nanoscratch
test was used to measure the interlayer adhesion on a flat glass substrate, as well as on a single
GF. For a given film, consistent interlayer adhesion was identified for both fibrous and planar glass
substrates [37]. The work of adhesion was used as the right parameter for the characterization of
the interlayer adhesion measured by a nanoscratch test. A strong correlation was found between
the IFSS in GF/polyester composites and the interlayer adhesion for the same plasma coating [38].
Model and experimental data showed that the shear strength at the interlayer/fiber interface is the key
factor affecting the mechanical response of the plasma-coated fibers in a GF/polyester composite at
microindentation testing.
Further enhancement of the adhesion of oxidized plasma coatings deposited at higher power
was our motivation to test an improvement of IFSS for GF/polyester composites. A set of interlayers
was deposited onto silicon wafers and GF bundles at a constant effective power of 5.0 W, but the
various oxygen fractions in the TVS/O2 mixture varied from 0 to 0.46 (0, 0.10, 0.21, 0.33, and 0.46)
in the RF helical coupling system. Using the same power, the power density in the RF helical
coupling system was significantly lower, due to a higher volume of plasma discharge, compared
to the plasma reactor equipped with parallel electrodes. This means that plasma coatings synthetized
in the RF helical coupling system contain a higher concentration of hydrogen atoms and are less
cross-linked. The Young’s modulus of plasma coatings deposited on silicon wafers was determined
from nanoindentation measurements for various oxygen fractions in the TVS/O2 mixture (Figure 7a).
The Young’s modulus decreased from 22 to 18 GPa as a result of an increase in oxygen concentration
from 0 to 11 atom% in a-CSiO:H films (Figure 7b). Chemical analysis (RBS/ERDA) showed that
the C/Si and H/Si ratios in all films were approximately 7.1 and 10, respectively, but the O/Si ratio
increased from 0 to 2.4 with the enhanced oxygen fraction (Figure 7b). FTIR spectra indicate that oxygen
atoms were incorporated into hydroxyl, carbonyl, and Si–O–C/Si–O–Si species, and the intensity
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and area of the absorption bands increased with enhanced oxygen fraction (Figure 7c). This trend is
consistent with the previous analysis [39]. This means that the number of Si–C species in the a-CSi:H
film deposited from pure TVS were reduced at the expense of the newly formed Si–O–C species in
a-CSiO:H films synthetized from TVS in a mixture with oxygen gas. An increase in the number of
Si–O–C/Si–O–Si species was important for increased adhesion at the interlayer/glass interface due to
chemical reactions of plasma species with hydroxyl groups on the surface of the glass. By increasing
the oxygen fraction, only a slight reduction of the vinyl groups in the film can be expected (Figure 7c).
The vinyl groups on the interlayer surface are responsible for chemical bonding with the polyester
resin during the curing process. The formation of hydroxyl and carbonyl groups eliminates one and
two bonds, respectively, from each carbon atom that could potentially be used for cross-linking the
network. Therefore, decreased cross-linking of the carbon-silicon oxide network with an increased
oxygen fraction resulted in a film density reduction of 1.47 to 1.31 g/cm3 (Figure 7d), as determined
from the RBS spectra, and also resulted in a reduced Young’s modulus (Figure 7a).
Figure 7. Analysis of thin films deposited on silicon wafers at 5.0 W from the tetravinylsilane (TVS)/O2
mixture at different oxygen fractions 0–0.46: (a) Young’s modulus determined from nanoindentation
measurements, (b) oxygen concentration together with the O/Si ratio evaluated from Rutherford
backscattering spectrometry (RBS)/elastic recoil detection analysis (ERDA) spectra, (c) infrared spectra
for oxygen fractions 0–0.46, and (d) density of the film estimated from RBS spectra.
Interlayers with the properties shown in Figure 7 were also deposited on an unsized GF bundle
of 1600 single filaments. The GF bundle was positioned along the axis of the axially symmetric plasma,
resulting in the deposition of a uniform and homogeneous coating around the fibers [36]. TVS molecules
were fragmented during the plasma process to form free radicals, and these highly reactive radicals
recombined on the surface of the GFs to form an interlayer. Because of the low pressure (1.4 Pa) during the
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plasma process, free radicals diffuse into the central part of the GF bundle and form an interlayer even on
the surface of the central fibers. The thickness of the interlayer is controlled by deposition time at a known
deposition rate, which is constant during deposition. However, the interlayer on the central fibers is
thinner than that on the fibers at the edge of the bundle, because the deposition rate decreases radially
into the GF bundle due to the shadow effect of the surrounding fibers. We found that the thickness of the
film deposited on the silicon wafer under a single GF was reduced by a factor of 0.9, due to the shadow
effect, after the deposition process with plan-parallel electrodes. Multiple shielding can be expressed in
a geometric series as tn = ts qn − 1, where ts is the film thickness on the fiber at the edge of the bundle, tn is
the film thickness on the n-th fiber in the direction toward the center of the bundle shielded by n − 1 fibers,
and q is the shielding factor. For the GF bundle with a circular cross-section of 1600 single filaments, 22 is
the order of the fiber in the center of bundle, and for ts = 1.0 μm, q = 0.9, the film thickness is t22 = 109 nm
on the central GF. The thickness of the interlayer on the central GF is, therefore, ten times smaller than the
thickness of the interlayer on the fiber at the edge of the bundle. The expected thickness of the interlayer
varied between 1.0 and 0.1 μm across the GF bundle for all tested GFs. The plasma-coated GF bundle
was embedded in the polyester resin, and was cured to form a unidirectional GF/polyester composite.
The polished cross-section of the composite sample was subjected to microindentation testing for the IFSS
evaluation. The mean value and its standard deviation were calculated from measurements of ten fibers
selected from different parts of the bundle cross-section. No evident differences between IFSS values for
central and edge fibers were observed, which corresponds to the previous results [34]. The dependence of
IFSS on the oxygen fraction in the TVS/O2 mixture for plasma-coated GFs with an interlayer thickness of
1.0 μm (edge fibers) at an effective power of 5.0 W is given in Figure 8a. The IFSS (blue square) ranged
from 130 to 139 MPa at a fiber volume fraction of approximately 0.53 in the GF/polyester composite.
The maximum IFSS at a 0.33 oxygen fraction corresponds to the highest adhesion of the interlayer on glass
substrate characterized by the work of adhesion (red circle) [38]. A 3.4-fold increase in the adhesion of the
a-CSiO:H film (0.33 oxygen fraction), due to a raised concentration of Si–O–C/Si–O–Si bonding species
at the interlayer/glass interface, compared to the a-CSi:H film (zero oxygen fraction) was promising
for using the adhesive film as a functional interlayer in the GF/polyester composite. The IFSS trend
corresponds to the adhesion trend (Figure 8a), but the statistical significance of the maximum IFSS is not
entirely convincing. Although there are differences between the microindentation test and the nanoscratch
test in the specimen loading and failure mechanics, and both the IFSS and the work of adhesion are
calculated based on simplified assumptions, the interlayer adhesion on the glass surface was shown to
control the shear strength in the GF/polyester composite [38].
Figure 8. Interfacial shear strength (IFSS) for plasma-coated glass GFs in the GF/polyester composite:
(a) IFSS as a function of oxygen fraction in the TVS/O2 mixture used to deposit the interlayer at
5.0 W, (b) effect of GF pretreatment and post-treatment of plasma-coated GFs on IFSS for the same
Interlayer A.
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The effect of GF pretreatment and post-treatment of plasma-coated GFs on IFSS is demonstrated
for the same Interlayer A (type A: 0.33 oxygen fraction, 5.0 W) in Figure 8b. The strong adhesion at the
interlayer/fiber interface was primarily achieved by pretreatment of GFs with O2 plasma, which cleans
and activates the fiber surface due to physical and chemical etching before the interlayer is deposited.
The deposition of Interlayer A on GFs without pretreatment resulted in a significant reduction of IFSS
to 83 MPa compared to 139 MPa for GFs pretreated with O2 plasma at 25 W for 60 min (Figure 8b).
Ar gas (4.0 sccm) was mixed with O2 gas (0.5 sccm) to increase the degree of ionization during the
pretreatment of GFs, but the IFSS of 139 GPa was the same as in the pretreatment with O2 plasma
using the same Interlayer A. The IFSS value was reduced to 123 GPa when Ar/O2 plasma was applied
for 45 min followed by O2 plasma for 15 min during the pretreatment procedure. This means that the
cleaning and activation of the GF surface was not so effective, probably because of the interruption of
the pretreatment process to change the gas mixture. This pretreatment method, however, was used for
the other two samples, where, after the deposition of Interlayer A, the plasma-coated GFs were left in
the reactor filled with TVS vapor for 10 s or 60 min without RF discharge. During this post-treatment
procedure, the TVS molecules are not only physisorbed, but also chemisorbed on the chemically active
surface of the interlayer that contains free radicals. An ultrathin overlayer, rich in vinyl groups, is
formed on the interlayer surface during the application of TVS vapor. This layer may be important
for improved adhesion at the polymer matrix/interlayer interface due to chemical bonding of vinyl
groups with polyester resin during the curing process. Progress in the IFSS of 8 and 20 MPa (up to
143 MPa) was found for the interlayer, post-treated for 10 s and 60 min, respectively.
Interlayer B, deposited from pure TVS at an effective power of 0.1 W, contains no polar groups,
but contains a higher concentration of vinyl groups compared to Interlayer A, as evident from the
FTIR spectra (Figure 9a). Interlayer B could, therefore, be used to improve chemical bonding between
the polymer matrix and the interlayer, similar to the ultrathin overlayer deposited from TVS vapor
during the post-treatment procedure. In addition, Interlayer B has a lower Young’s modulus of
9.4 GPa [36], which is beneficial for decreasing shear stress across the interphase region (Figure 6a).
Interlayer B was combined with Interlayer A to form a bilayer that was tested to improve the IFSS in
GF/polyester composites. Interlayer A, containing 6.1 atom% of oxygen, was deposited on the GF
bundle followed by the oxygen-free Interlayer B in three thickness variations: 0.9 μm (Interlayer A) +
0.1 μm (Interlayer B), 0.1 μm (Interlayer A) + 0.9 μm (Interlayer B), and 0.05 μm (Interlayer A) + 0.05 μm
(Interlayer B). The resulting IFSS values were compared with the single Interlayer A in Figure 9b. All
the results in Figure 9b correspond to GFs pretreated with Ar/O2 plasma for 45 min, followed by O2
plasma for 15 min. The IFSS for bilayers was slightly higher by 1 to 4 MPa, which was statistically
insignificant. The bilayer thickness was only 0.1 μm on edge fibers for the third bilayer, meaning that
the bilayer thickness was only 0.01 μm on the central fibers. The final bilayer was prepared from the
C and D interlayers by diluting the deposition plasma by adding 1.0 sccm of Ar gas to increase the
ionization degree, and the total flow rate was, therefore, 1.8 sccm. Interlayer C was deposited from
a TVS/O2/Ar mixture with a 0.15 oxygen fraction and a 0.55 argon fraction at an effective power of
5.0 W, but Interlayer D was synthesized from a TVS/Ar mixture with a 0.55 argon fraction at 0.1 W.
The deposition rates for this bilayer were not known, but a significantly reduced IFSS value of 47 MPa
indicates that the bilayer thickness was not sufficient for a uniform fiber coating, probably <0.1 μm
(edge fibers). This means that part of the GF surface was not covered by the interlayer.
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Figure 9. (a) Infrared spectra of Interlayers A and B, (b) effect of the bilayer on IFSS for the same
pretreatment of GFs.
The final comparison of IFSS values for the GF/polyester composite in Figure 10 includes
unsized, O2-plasma pretreated but uncoated, commercially sized, and optimized plasma-coated GFs.
No chemical bonding at the polymer matrix/fiber interface for unsized GFs with an IFSS of 29 MPa is
expected. O2-plasma pretreatment of GFs without deposition of an interlayer resulted in improved
interfacial adhesion at the polymer matrix/fiber interface, but the IFSS at 49–50 MPa was limited by
the shear failure of the matrix, as demonstrated by model simulations [34]. The IFSS of 105 MPa for
commercially sized GFs was twice as high compared to GFs pretreated with O2 plasma. However,
the optimized Interlayer A deposited on O2- or Ar/O2-plasma pretreated GFs resulted in an IFSS of
139 MPa. A further increase in IFSS to 143 MPa was achieved by the subsequent post-treatment of
Interlayer A in TVS vapor for 60 min.
Figure 10. Interfacial shear strength (IFSS) for the GF/polyester composite reinforced with unsized,
O2-plasma pretreated but uncoated, commercially sized, and optimized plasma-coated GFs.
Plasma coatings of tailored physicochemical properties have potential applications in
high-performance polymer composites with a controlled interphase. Plasma nanotechnology is
a promising technique for the construction of gradient interlayers needed for the new concept of
composites without interfaces [40].
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4. Conclusions
A wide range of polymer-to-glass materials was plasma synthesized (PECVD) to control their
mechanical properties with Young’s moduli from 10 to 52 GPa. The oxygen-free (a-CSi:H) and
oxygen-bound (a-CSiO:H) films of 1.0-μm thickness were deposited from pure TVS and TVS mixed
with oxygen gas on planar and fibrous substrates. Cyclic nanoindentation was used to determine
the Young’s modulus for films deposited on planar substrates. Single GFs coated by the interlayer
were embedded into the polyester resin to form a model composite. The polished cross-section of
the model composite was used to distinguish the composite phases, due to their different mechanical
properties, with Modulus Mapping. The maps of storage modulus allowed defining the interlayer
between the fiber surface and the polymer matrix. The results showed that the mechanical properties,
along with the deposition rates, are consistent for films on planar and fibrous substrates. Modulus
Mapping revealed that the thickness of the modified matrix increased up to 0.7 μm with the raised
Young’s modulus at 52 GPa for the SiO2-like interlayer. We assumed that the modified matrix region
was created due to chemical bonding at the polymer matrix/interlayer interface, unlike the unsized
fiber, where no interphase region was observed. Thus, a strong interfacial adhesion between the
polymer matrix and stiffer material (interlayer) may result in the formation of a modified matrix region
with gradually increased Young’s modulus. The thickness of the modified matrix increased with the
increasing difference between the interlayer and the polymer matrix moduli. Plasma organosilicon
coatings with a relatively low Young’s modulus (polymer-like material) have a shear yield strength
that is significantly higher than that for thermosetting and thermoplastic coatings. This means that the
plasma coatings with controlled interfacial adhesion and Young’s modulus are promising as interlayers
in polymer composites. Selected compatible interlayers with increased interlayer adhesion were
deposited onto a 1600-filament GF bundle. The interlayer thickness on the fibers at the edge of the
bundle was found to be reduced by one order for fibers in the center of the bundle as a result of the
shadow effect. Optimized interlayer adhesion (0.33 oxygen fraction, 5.0 W) resulted in an IFSS of
139 MPa, supported by O2 and Ar/O2 pretreatment of GFs. The IFSS was reduced to 83 MPa if the
pretreatment procedure was omitted. The GF pretreatment was, therefore, very important for cleaning
and activating the surface of the fibers. Following the plasma coating, the optimized interlayer was
then post-treated in TVS vapor to increase the concentration of vinyl groups on the interlayer surface.
The post-treatment procedure increased the IFSS to 143 MPa, which is 3.9 times higher than unsized
GFs, 1.9 times higher than O2-plasma pretreated GFs, and 36% higher than commercially sized GFs.
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Abstract: In composites, a strong interphase between the components is essential for mechanical
properties. By using a suitable sizing (i.e., surface modification) of the fiber, the interphase may be
varied, e.g., by suppressing or promoting heterogeneous nucleation of a thermoplastic matrix. In the
latter case, three-dimensional transcrystallized interphases with properties differing from those of
the bulk matrix are formed. Polypropylene-glass fiber composites are prepared as single-fiber model
composites with (a) sizings either inducing or suppressing a transcrystalline interphase, (b) different
amounts of modifier maleic acid anhydride grafted polypropylene, and (c) different molecular
weights of the matrix polymer. These are studied in quasi-static or cyclic load tests. Static tests
permit insights in the interfacial characteristics such as critical interface energy release rate, adhesion
strength and frictional stress. Cyclic tests on these model composites can be used to study the nature
of dissipative processes and the damage behavior. Atomic Force Microscopy (AFM) investigations
of the fiber fracture surfaces provide supplementary information. The transcrystalline layer can
indeed improve the mechanical parameters (a 70–100% increase of strength and a 25 or 125% increase
in toughness, depending on the molecular weight (MW) of the matrix polymer at low modifier
concentration). However, the effect is partially neutralized by an opposing effect: high nucleation in
the bulk in samples with commonly used concentrations of modifier.
Keywords: polypropylene; glass fiber; polymer-matrix composites; interface; mechanical behavior;
transcrystallinity; micromechanical tests
1. Introduction
Semicrystalline thermoplastics crystallize in spherulites. In absence of external nuclei,
the homogeneous crystallization can only occur at temperatures below the crystallization temperature
Tcr. The nucleation rate is material-dependent, it generally increases with the temperature difference
Tcr-T [1]. Once nucleated, the growth of spherulites in the bulk occurs in all directions until it reaches
the neighboring spherulites, which impede further growth. On surfaces, the nucleation may occur
by heterogeneous nucleation at the surface and can be significantly higher than in the bulk. In this
case, the impedation by neighboring crystallites occurs almost immediately in the lateral directions,
leaving only the outward direction for crystal growth. Thus, a so-called transcrystalline (TC) layer at
the surface is formed. Transcrystallization is a nucleation controlled crystallization process which can
occur in a semicrystalline polymer in contact with a second material [2,3]. The growth mechanism
itself, as well as the growth rate, is identical in the bulk and within the TC layer [4–7]. The thickness of
the TC layer is therefore determined by the different rates of the two nucleation processes in the bulk
and at the surface, in relation to the growth rate [5,8,9]. These three quantities depend on a number
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of thermodynamic and physicochemical conditions, such as the surface free energy, the nucleation
density and the sample temperature.
In the case of a semicrystalline thermoplastic/glass fiber (GF) composite, the fiber surface may be
sized with the aim to induce a high nucleation density. The closely packed nuclei enforce a primarily
outward growth of the crystallites. This leads to a TC interphase layer between the fiber surface and
the semicrystalline bulk. Since early reports of transcrystallization [10,11], much effort has been put
into the topic and there is still a controversial discussion, as the existence and structure of a TC layer
have significant influence on the mechanical properties of the composite [1,4–6,12–17].
The surface free energy is determined by the type of fiber and the sizing or finish components,
especially the coupling agent. The nucleation density can be increased by appropriate sizing
components at the surface or by matrix additives for the bulk [18–20]. The roughness of the fibers
can play a role [5,14,18], especially if epitaxial ordering at the surface is possible [21,22]. The sample
temperature influences the nucleation rate at the interface and in the bulk, and the crystallization
kinetics [23,24]. Due to the memory effect of incompletely melted polymer crystals, the “temperature
history” since the last complete melting plays a role.
Occasionally, the term „transcrystallization“ is used in the literature in connection with another
phenomenon [25,26]. By applying a shear stress along the fiber axis, a columnar superstructure
is formed even at T > Tcr,trans which resembles a TC layer. It was even supposed that TC layers
only occur as a result of shearing. However, Wu et al. [27] observed that shear leads to a cylindric
crystallization. Varga and Karger-Kocsis [28] determined that this structure does not lead to increased
adhesion strength, as the cylindric crystallites are nucleated homogeneously, unlike the heterogeneous
nucleation of the TC layer, so no physical coupling occurs.
1.1. Structure of the TC Interphase
According to Pompe und Mäder [20], three different sections of the TC layer can be specified
(Figure 1), which are influenced by the above mentioned parameters.
 
Figure 1. Scheme of the interphase between the fiber and a semicrystalline matrix forming a TC-layer.
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Section 1, the nucleation region, includes the interface between fiber and the TC part of the matrix.
It is here the nucleation takes place. A TC layer is only formed if the nucleation rate at the surface is
higher than in the bulk, e.g., if the crystallization temperature of the interface induced nucleation is
higher than that of the bulk crystallization, Tcr,bulk < Tcr,TC. The thickness of Section 1 is determined
by the roughness of the interface. The crystal morphology within a layer of the thickness of around
the distance of two nuclei is less well ordered compared to the TC layer beyond, where the crystal
growth direction is primarily perpendicular to the surface. Within the surface layer, the nuclei grow in
a hemisphere, until they are impeded by the neighboring nuclei. For some fiber/matrix combinations,
the nuclei themselves have a preferred crystal orientation.
The adjacent Section 2 is the homogeneous part of the TC layer. Its extension is delimited by
the impeding bulk spherulites. When its thickness δi,2 is bigger, therefore, the more the TC layer
can grow in the time interval between the nucleation at the interface and (a mean point in time of)
bulk nucleation. These parameters can be adjusted via a sizing/finish with high nucleating ability,
or by nucleating agents/nucleation suppressants within the polymer matrix. The crystal growth rate
is determined by the temperature resp. the cooling rate. In the case of slow cooling or isothermal
annealing at temperatures T with Tcr,bulk < T < Tcr,trans, an extended TC layer is formed [4–6,8,29].
In samples with high fiber density, the bulk spherulite region can even be fully suppressed [20].
Section 3 (cf. Figure 1) encloses the interface between the TC region and the surrounding bulk,
i.e., between the TC and the spherulitic morphology. The thickness δi,3 of this section as well as the
specific surface area of the interface are determined by the size of the bordering spherulites [12].
1.2. The TC Interphase and Its Impact on the Micromechanics and Composite Properties
The influence of a TC interphase on the mechanical properties of the composite is actively
and controversially discussed in the literature [26,28–32]. Clark et al. [16] report on polyamide
(PA)/GF or PA/carbon fiber (CF) composites with higher strength but lower toughness in the case
of transcrystallinity. In another experiment [29,33], PA/GF-composites were cooled at different rates,
resulting in TC layers of different thicknesses. The slowly cooled samples with thicker TC layers had
a Young’s modulus increased by 30% and a bending modulus increased by 70%. However, slowing
the cooling rate not only increased the TC layer thickness, but also the degree of crystallization of the
matrix and the fraction of α-crystallized PA, making a comparison more difficult.
An intermediate step to study the interplay between the local crystal morphology and the
composite properties is the micromechanical study of the influence of transcrystallization on the
adhesion strength. The results so far are controversial. Bessel et al. [11] determined a reduced adhesion
strength for TC samples. In a fragmentation test, Folkes and Wong [34] determined an increase in
the critical fiber length, i.e., also a decrease of the adhesion strength due to TC layers in PP/GF
composites. Similar results have been reported by Rolel et al. [35] for polyethylene (PE) matrix
composites. In contrast, Carvalho and Bretas [36], Huson and McGill [31] as well as Feldman et al. [14]
observed an increase in the adhesion strength due to transcrystallinity, for a number of different fibers
in different thermoplastic matrices such as polypropylene (PP), polyethylene (PE) und polyamide (PA).
Similarly, Clark et al. [15,16] found high interfacial shear strength and cohesive failure in TC samples,
in contrast to adhesive failure of the interface in absence of a TC layer. Hsiao and Chen [30] observed
that transcrystallinity had no significant effect on the adhesion strength for a number of composites.
The situation is obviously complex, due to interaction and superposition of a number of parameters,
influencing the interphase and the adhesion strength. The following paragraphs will discuss these
parameters according to the scheme in Figure 1.
Section 1: this section is determined by the fiber interface, i.e., generally by the sizing or finish of
the fiber. Sizings (on GF) or finishes (on CF) are used to increase the interfacial strength. Considering
transcrystallinity, it is of importance if the surface can induce nuclei for heterogeneous crystallization.
The resulting TC layers should act as a “physical coupling” between fiber and matrix [15], increasing
the shear strength of this first section. This has been experimentally confirmed [37]. However, usually
81
Fibers 2018, 6, 16
the TC is reached via a sizing, which also influences the adhesion. In the present work, GF composites
are compared whose sizings are identical except for the film former, with the aim to modify the
nucleating properties at comparable adhesion strengths.
Section 2: The homogeneous region of the TC layer influences the composite properties via the
properties of the TC morphology as compared to that of the bulk. The degree of crystallization is
often higher than in the spherulitically crystallized regions [38]. Karger-Kocsis proposes that in an
extended Section 2 the crystallization shrinkage might lead to a weak interface [39]. In the TC layer,
the crystallites are smaller and radially aligned in reference to the fiber direction.
There are few experimental results focusing on this region in fiber-reinforced systems. By using
specific scanning probe microscopic techniques (phase imaging, nanoindentation), the extension and
the Young’s modulus of the interphase between GF and PP matrix could be determined [40]. Within a
TC layer, the local modulus is higher than in the bulk. Folkes and Hardwick [41] found an increase of
storage modulus E’ by a factor of 2 and higher shear and tensile strengths for a TC layer compared to a
finely spherulitic layer. Marom et al. [38] confirmed these results by dynamic mechanical studies of
microtomed sections containing predominantly TC polymer. The TC layer forming samples were more
brittle and the fracture energy was smaller than comparable bulk samples. Microbeam synchrotron
measurements of TC PP showed that under small load, no change in the microstructure is visible [42].
The authors attribute this to an “anchoring” of the TC layer lamella, confining the strain mainly to the
amorphous phase.
Section 3: At the contact of the two crystallization fronts, a second interface is formed in Section 3.
This interface is mechanically weak, due to the enrichment of low molecular weight species [43,44] as
well as due to low entanglement density [45].
Transcrystallinity occurs in many technically relevant thermoplastics. It has a great influence
on composite properties. The existence of a TC layer depends on a number of parameters, on
the combination of the materials used as well as on processing conditions. More often than not,
the resulting effect of TC morphology is an improvement, but this is by no means unequivocal. The aim
of the present work is to study the effect of adhesion strength in PP/GF microcomposites where the
fiber sizings are as similar as possible while either inducing a TC crystallization or suppressing it.
2. Experimental
2.1. Methods
In the last decade, several pieces of micromechanical equipment have been developed and set
up at the IPF to investigate the interphase characteristics between fiber and matrix in composites.
The micromechanical experiments include quasi-static pull-out tests, a hysteresis/micro-fatigue test
as well as a dynamic test with sinusoidal loads up to 350 Hz. Figure 2 presents a scheme of the
experiments. A vessel with matrix and an end-embedded fiber is clamped on an actuator that
generates the displacement. The fiber end protruding out of the matrix is glued onto a mandrel that is
fixed to a force sensor.
 
Figure 2. General scheme of used micromechanic tests: quasi-static pull out test and hysteresis tests.
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The investigation of the adhesion strength parameters between fiber and polymer matrix is
carried out with the pull-out setup [46]. Force-displacement curves are obtained by quasi-statically
pulling a single fiber out of a polymer matrix. One distinctive feature of the device is the extremely
low pull-out speed down to 10 nm/s. Forces between 1 mN to 5 N can be detected by a load cell.
The experiment as well as data acquisition, analysis and statistical evaluation are performed by means
of a “traditional approach” [47,48].
For the hysteresis and long-term loading test, the fiber is periodically loaded and the hysteresis
loop is analyzed for the failure behavior [49]. The general setup (cf. Figure 2) is optimized for
hysteresis measurements (low frequency range: 0–10 Hz) of single-fiber model composites, especially
for long-term tests. A piezotranslator in combination with a piezoresistive load cell provides a zero
backlash deflection and a long-term stable force measurement. Measurement data are the amplitude of
the measured value, hysteresis, root point drift as well as elastic and loss energy. In long-term load
tests (e.g., Wöhler, relaxation or load increase tests), the periodic change of the phase angle between
force and elongation and the periodic change of stiffness and damping are analyzed.
An atomic force microscope AFM (Bruker, dimension) was used in the tapping mode to
characterize the fiber surface and fracture surfaces.
Polarization microscopy is used to study the crystallization behavior of the PP matrix.
Matrix material and separated single fibers are sandwiched between two glass plates. The thickness of
the layer is determined by spacers (150 μm). The sandwiches are observed by polarization microscopy
(Scope A1, Carl Zeiss, Oberkochen, Germany) using a hot plate (LTS350, Linkam, Tadworth, UK).
The sandwich structures were heated to 192 ◦C for five minutes to fully melt the matrix. Then they are
cooled to the crystallization temperature at 60 K/min.
2.2. Materials
GF were spun at the IPF spinning device. Yarns of 204 filaments were spun and sized with
aqueous sizings. Two sizings are compared:
On the one hand APS-PP containing gamma aminopropyl triethoxisilane (APS) as coupling agent,
and a PP film former (maleic acid anhydride grafted PP, MaPP), and on the other hand APS-PU with
the coupling agent APS and a polyurethane (PU) film former. They are referred to as APS-PP and
APS-PU fibers, respectively. As matrix PP, HD 120MO PP homopolymer (Borealis, MFR 8 g/10 min),
a typical injection molding grade, and HH 450 PP homopolymer (Borealis MFR 37 g/10 min) a typical
grade for fiber spinning applications were used, and are referred to as hiMW and lowMW PP. The two
matrices were functionalized by either 0.5 or 2.1 wt % MaPP Exxelor PO 1020 (ExxonMobil Corp.,
Irving, TX, USA).
Fibers and matrix were compounded on a twin screw extruder and injection molded into
standardized dog bone shaped specimens. The average fiber length was approx. 500 μm in all samples.
Tensile tests were conducted on the Universal Testing Machine Zwick 1456 (Zwick-Roell, Ulm,
Germany), according to ISO 527-2/1A/50. Unnotched Izod impact tests were conducted with HIT 50P,
Zwick/Roell, Germany according to ISO 179/1eU at room temperature and 50% relative humidity.
Each value obtained represents the average of ten specimens.
The single-fiber model composites for quasi-static pull-out, hysteresis and cyclic loading
investigations are all prepared in the same manner by using the IPF-made fiber embedding device [50]
An 80 mg drop of matrix is melted. The pneumatically held fiber is positioned above the matrix with
the aid of two long-distance microscope optics, monitoring the xy-positioning resp. the z-coordinate of
the fiber above the matrix. The fiber is embedded with a micro drive (embedding length: 20–1000 μm
with 0.1 μm accuracy—however, due to the formation of a meniscus, the embedding length may vary
and is therefore optically determined after each pull out test). The complete temperature pattern is
controlled by a PC (room temperature (RT) to 400 ◦C with 1 K accuracy). The chamber may be flushed
with Argon.
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3. Results
Figure 3 shows polarization micrographs of the single fiber in a neat HH450 PP film. Fibers were
heated (10 K/min) to 210 ◦C for 0.50 min, then cooled at 200 K/min to the isothermal temperature
Tiso = 135 ◦C, at which the crystallization behavior was observed.
Figure 3. Polarization micrographs of single glass fibers in PP, Tiso = 135 ◦C, scalebar 100 μm. Top image:
APS-PU sized fiber, bottom image: APS-PP sized fiber in HH450 PP matrix. The APS-PP sized fiber
induces a TC layer.
Between crossed polarizers, the spherulites in the bulk PP film are clearly visible. Around the
APS-PP sized fiber, a TC film of about 3 μm thickness is formed. This confirms an earlier differential
scanning calorimetry study of the two sized fibers in PP, which showed that the APS-PU sized fiber
induces no TC layer, whereas the APS-PP sized fiber induces a distinct TC layer [20].
The size of the spherulites for the two neat polymers is comparable. Adding 2% MaPP increases
the nucleation density and therefore reduces the spherulite size, the crystallization is speeded up:
the half time t50% is reduced by 15%.
A series of GF/PP composites were compounded and injection molded with varying MaPP
content, with fiber sizing known to induce or suppress a TC layer and differing PP molecular weight.
Table 1 shows the mechanical properties of injection molded GF/PP specimens. In GF/PP composites,
usually a small percentage of MaPP is added to improve adhesion as the maleic moieties form covalent
bonds with the APS or weaker bonds with the OH on the glass surface. A side effect of MaPP is the
nucleation of spherulites in the bulk. This side effect reduces the thickness of the TC layer. Therefore,
the mechanical properties are determined at two concentrations of MaPP, a technically relevant 2%
and a low 0.5%. For both PP grades, there is a slight improvement of tensile strength due to the
TC in the 2% MaPP samples. In the case of 0.5% MaPP specimens, the effect of the TC layer is far
more pronounced (albeit at a lower mechanical level). The toughness is doubled in the case of the TC
interphase in high MW PP. The Young’s modulus is increased strongly upon addition of GF, but does
not depend on the TC interphase.
Table 1. Mechanical parameters of injection-molded specimens of GF reinforced PP.
PP HD 120 hiMW PP HH450 loMW
E (GPa) σm (MPa) acU (J/m
2) E (GPa) σm (MPa) acU (J/m
2)
0.5% MaPP
APS-PP TC 6100 79 38 4900 68 21
APS-PU Non-TC 5700 37 16 5400 38 17
no fiber 1250 27 142 1300 27 121
2% MaPP
APS-PP TC 6500 93 55 5800 87 55
APS-PU non-TC 6200 83 44 6100 83 44
no fiber 1500 107 1300 87
Table 2 shows the results of micromechanical tests on single-fiber model composites. For both
matrix PP grades, the local shear strength τd, the critical energy release rate of the interface, Gic and
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the frictional shear stress after debonding, τf, are greater for the TC composites. In this interphase
sensitive method, the effect is clearly seen even in composites with 2% MaPP. AFM images of the
pulled out fibers show clear differences in the fiber fracture surface, cf. Figure 4. For a TC interphase,
the fracture surface is rough, with 500 nm structures dominating the surface morphology. In absence
of a TC layer, no such structures are seen. These structures are interpreted as either the outer surface
of the TC layer (Section 3 in Figure 1) or the sized fiber surface. A model for the fracture is proposed
(right hand sind in Figure 4) where in the case of a TC interphase, the failure occurs outside the TC
layer whereas without TC layer it occurs at the fiber surface.
Table 2. Micromechanical pull out tests results on GF /PP samples with 2.0% MaPP, parameters local
shear strength, τd, the critical energy release rate of the interface, Gic, and the frictional shear stress
after debonding, τf .
Sizing τd Gic τf
HH450 APS-PU 9.0 3.0 4.4
APS-PP 15.7 8.3 6.1
HD120 APS-PU 10.0 3.4 5.4
APS-PP 13.4 7.0 6.4
Figure 4. AFM height images of the fracture surfaces of single-fiber model composites after pull-out
with HH450, Top: fibers inducing TC interphase, bottom: fibers suppressing a TC interphase. The height
and size of the protrusions is 400 nm × 30 nm for the TC fracture surface and 50 nm × 8 nm for
the non-TC fracture surface. A model for the fracture (right) is proposed where in the case of a
TC interphase, the failure occurs outside the TC layer whereas without TC layer it occurs at the
fiber surface.
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In addition, micromechanical dynamical [51] and micromechanical hysteresis measurements [49]
were performed on single-fiber model composites at two different embedded lengths, (200 μm, 600 μm).
Figure 5 shows the results of the hysteresis measurements for the four fiber matrix combinations
high vs. low MW and TC vs. non-TC interphase for 600 μm embedded length. All samples remain
intact with only some degradation. As the embedded length and fiber diameter vary, the value of
the force as well as the stiffness (force/displacement) is subjected to error. However, the variation
of stiffness with cycle number provides information on the degradation of the interphase, as well as
the width of the hysteresis curve or the area included in the hysteresis loop, which is equal to the
inelastic energy loss during the cycle (Figure 6). The stiffness of the high MW interphases is reduced
by 20%, whereas the stiffness of the low MW samples is reduced by 40% at 40,000 cycles. This is
independent on the interphase crystallization. The width of the hysteresis loop at zero force is initially
higher for high MW than for lower MW, and for non-TC interphase samples than for the TC ones.
Energy loss processes are higher for high MW and in the non-TC interphase. With cycle number,
the non-TC samples hysteresis decreases whereas the TC interphases have a constant hysteresis width.
Some interphase deterioration processes seem to occur in non-TC samples that are suppressed in
samples with a TC interphase.

















Figure 5. Hysteresis loops of single-fiber model composites loaded with amplitudes of ±1.8 μm at a
frequency of 10 Hz (sized glass fibers APS/PP- or APS-PU-embedded in either PP HD120M or PP
HH450) after the given number of cycles.
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Figure 6. Data evaluated from the hysteresis curves: Relative stiffness (left) and width (right) of the
hysteresis loops. Lines are guide to the eye.
If a smaller embedding length of 200 μm is chosen, the non-TC samples fail, whereas the
transcrystalline samples remain intact up to 400,000 cycles.
The AFM images of either APS-PP or APS-PU fibers before embedding show a relatively smooth,
homogeneous surface (Protrusions height <30 nm, diameter <100 nm, phase difference <15◦). When the
fiber is pulled out of the matrix after cyclic loading, the fracture surfaces are significantly more
inhomogeneous (Figure 7). On the APS-PP surfaces, structures of the order of magnitude of 500 nm
are found that are strongly oriented along the fiber (=load) axis. This longitudinal alignment is also
found in the phase image. In the APS-PU sized fiber, the structures are significantly larger (2 μm),
and the contrast in the phase image is much higher.
 
Figure 7. Tapping mode AFM images of fiber surfaces fractured after cyclic tests on single-fiber model composites.
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For the APS-PP sized fibers, a TC structure is expected, leading to a fine-grained structure on the
surface. The crystals are strongly deformed under load, but there is no material contrast, so the fracture
surface is within the PP. In the APS-PU, an alignment of the crystallites is also observed, mainly in the
phase image. The phase image also indicates a surface with varying material parameters, i.e., a fracture
surface that is located partially in the PP/PU interphase and partially within the PP matrix: a number
of larger spherulites adhere to the surface. They might be the cause for the higher friction seen in the
micromechanical measurements.
4. Conclusions
A transcrystalline interphase has in the past been observed to improve ]mechanical properties,
but contradictory results have also been observed. In the present study, an enhancing effect of the
transcrystalline layer is shown. However, it may be reduced due to the effect of additives such as MaPP,
which is added as a coupling agent between fiber and PP matrix. As MaPP will also induce nucleation
in the bulk, it reduces the effect of the transcrystalline layer. For standard MaPP concentration (2%),
the effect of the remaining TC layer is weak, tensile strength and toughness are only increased by 5 to
10%. If only 0.5% of MaPP are added, the TC layer is more pronounced, leading to a 70–100% increase
of strength and a 25 or 125% increase in toughness, depending on the MW of the matrix polymer. In
single-fiber model composite interface-specific tests, such as the single-fiber pull out test or single fiber
hysteresis test, the interphase enhancement due to the transcrystallization is evident even at 2% MaPP.
For both matrix PP grades, the local shear strength, τd, the critical energy release rate of the interface,
Gic, and the frictional shear stress after debonding, τf, are greater for the TC composites. AFM images
reveal a failure at the sizing layer for non-TC samples and failure at the outside of the TC layer in TC
model composites.
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